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Single-crystal films were simulated using three-dimensional discrete dislocation 
dynamics simulations, where an initial distribution of dislocation loops was allowed to 
move naturally in response to successive applied strains. The types of interactions that 
stopped threading dislocations (threads) were identified and the relative fraction of 
threads stopped in each interaction was determined. An inhomogeneous stress field in 
the film evolved as the dislocation structure evolved. Threads were observed to 
interact primarily in regions of low stress. The simulations were used as a virtual test 
bed for understanding dislocation behavior in thin films. The intuition gained from the 
simulations led to the construction of three models, which are discussed in detail. 
First, a model was developed to determine the capture cross-section of a thread, such 
that if another thread was within its capture cross-section the two threads would 
interact. Second, a statistical model was constructed to evaluate the effect of stress 
inhomogeneity on the local concentration of threads. Finally, results from the 
simulations and analytical models were used to construct a model of strain hardening 
in thin films based on fundamental behavior of dislocations in thin films. 
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CHAPTER 1 
INTRODUCTION 
 
 
It is sometimes said that the turbulent flow of fluids is the most difficult problem 
remaining in classical physics. Not so. Work hardening is worse. – A. H. Cottrell[1] 
 
 
1.1 Motivation 
 
Metals are strong. To the majority of world’s population, this statement seems so 
trivial that it does not merit further inquiry. But why are metals strong? What makes 
one metal stronger than another? Why do variations in heat treatment or cold working 
affect metal strength? Any undergraduate engineering course in the mechanical 
properties of materials will yield a basic answer to why metals are strong or, more 
accurately, why they resist permanent deformation. Permanent deformation is caused 
either by vacancy diffusion or dislocation motion; thus, metals are strong because 
diffusion or dislocation motion in them is difficult. For the purposes of this thesis, we 
consider only deformation at temperatures and strain rates such that dislocations are 
the dominant mechanism controlling plasticity.  
During the last century the theory of dislocations has advanced greatly such that it 
is now a mature field with several classic texts, e.g. Theory of Crystal Dislocations by 
Nabarro [2] and Theory of Dislocations by Hirth and Lothe [3]. Nevertheless, despite 
the immense knowledge about dislocations, the link between the behavior of 
individual dislocations and the macroscopic behavior of a material is still unknown. 
That is, a theory of strain hardening stemming from fundamental dislocation behavior 
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does not yet exist. L. M. Brown, a pioneer in the field of dislocation theory, notes the 
difficulty of constructing a microscopic strain hardening theory “…but when it comes 
to explaining the plastic behaviour of metals, particularly work hardening, one gets 
lost in a mass of detail and controversy.” [4] Thus, although we can measure 
macroscopic properties and behavior, we do not really understand the strength of 
crystalline materials from a microscopic perspective. 
In recent decades, increasing miniaturization of products and the introduction of 
microelectronics has caused many metals and other crystalline materials to be used in 
thin film form. The mechanical behavior of thin films is different from the behavior of 
bulk materials, which introduces significant challenges to designing products that 
utilize thin films. The yield strengths of films are an order of magnitude larger than 
bulk yield stresses [5]. The strain hardening rates are much higher than bulk materials 
[6]. And plastic recovery on unloading, which leads to a Bauschinger effect, is much 
more pronounced [7]. High stresses degrade reliability in devices that utilize films by 
contributing to mechanical failure in the form of fracture [8], delamination [9], and 
stress voiding [10]. Thus, understanding the origin of high stresses in films is critical 
to maximizing device or product reliability.  
Unfortunately, in thin films, like in bulk materials, understanding the link between 
microscopic dislocation behavior and macroscopic mechanical behavior remains an 
elusive goal. Dislocation behavior in thin films can be further complicated by the 
presence of surfaces and interfaces, which give rise to image stresses [11, 12]. 
However, the quasi-two-dimensional nature of films makes them ideal for study 
because dislocation motion in the dimension normal to the film can be constrained 
[13, 14]. This limitation on dislocation in the third dimension leads to a much smaller 
set of possible dislocation configurations. Many specific facts are known about 
dislocations in thin films and thin film stresses. For example, the stress fields of 
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dislocations are well known [3]. Many of the types of dislocation interactions that 
occur in thin films have been studied [15] and the stresses required to break these 
interactions are or can be determined. X-ray microdiffraction studies have shown that 
strong stress inhomogeneities exist in thin films [16]. Stresses and strain hardening 
rates in a variety of films has been measured (e.g. [7, 17]). However, none of these 
facts has led to a model linking dislocation behavior to film strength. The goal of this 
thesis is to begin to develop a framework for understanding dislocation motion in thin 
films from which to construct such a model.  
In order to set the stage for the research in this thesis, it is important to consider 
how a dislocation relaxes film stress. For our purposes, we will presume that a 
dislocation loop exists in a passivated film and that the stress in the film is sufficiently 
high to cause the loop to expand. As the loop expands it deposits a segment of 
dislocation along the top and bottom interfaces. Figure 1.1 shows half of a loop that 
has expanded and illustrates the two different components of a dislocation in a film. 
The interfacial dislocation segments are called misfit dislocations (misfits). The 
portion of the dislocation that moves through the film is called a threading dislocation 
(thread). As the threads move through the film, the stress in the film is relaxed. When 
all threads in the film have stopped moving, the film stops relaxing. Thus, for 
dislocation-mediated plasticity, the film strength is entirely determined by the answer 
to the question: what stops threads? 
We can be more specific yet about this key to understanding film strength. 
Consider a thread moving through a film. The relationship of the motion of the thread 
to the plastic strain rate Pε  in the film is given by the simple relationship 
TTP bvC ρε 1−= ,        (1.1) 
where C1 constant related to the geometry of the slip system and the film orientation, 
ρT is the density of threads, b is the Burgers vector, and vT is the thread velocity. The  
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Figure 1.1  One half of a dislocation loop propagating through a film. The 
threading portion (thread) of the dislocation moves through and deposits an 
interfacial portion of the dislocation, called a misfit dislocation (misfit). 
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velocity of the thread is related to the resolved shear stress on the thread and the 
temperature. The remaining term ρT, which varies with time, is not easily defined. 
Thus, the impediment to linking dislocation motion and macroscopic film relaxation is 
the difficulty of determining how the thread density evolves with time, dislocation 
density, stress, etc. The chapters in this thesis detail computational and analytical 
efforts to understand what stops threads and why, so that the evolution of threading 
dislocation density in the film, and ultimately film strength and strain hardening, can 
be modeled. 
 
1.2 Structure of this thesis 
 
This thesis is organized into seven chapters. This chapter provides the framework 
to understand the purpose and scope of the reported research. Chapter 2 was published 
in Progress in Materials Science [18]; Chapters 3-5 are manuscripts in preparation to 
be submitted at the time of acceptance of this thesis by the special committee; and 
Chapter 6 has been accepted as a TMS conference proceeding. As such, each chapter 
contains its own introduction and set of references, so there is some repetition from 
chapter to chapter.  
Chapter 2 contains a review of efforts to model dislocations in thin films, 
including results from analytical models, two-dimensional simulations, and three-
dimensional simulations of dislocations in thin films. This review highlights the rather 
novel approach taken in this dissertation to the use of dislocation dynamics 
simulations. While three-dimensional simulations are a necessary tool for accurate 
understanding of dislocation behavior in thin films, another value of such simulations, 
apart from quantitative results, is the ability to train our intuition regarding dislocation 
motion. In situ observation of dislocations is only possible using a transmission 
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electron microscope, but this usually requires boundary conditions and sample 
preparation methods much different from those of films. Three dimensional 
simulations allow simultaneous access to stresses and dislocation configurations as 
they evolve and with arbitrarily small resolution. Thus, by using the simulations to 
understand the dislocation configurations that arise during film relaxation, it is 
possible to construct plausible film relaxation models based on details of 
microstructural phenomena. 
Chapter 3 details the results of a set of large-scale three-dimensional dislocation 
dynamics simulations. Many of the features that we know occur in real films were 
observed: dislocation interactions, high stresses, inhomogeneous stresses, and high 
strain hardening rates. But most importantly the results provided insight into the 
relationship between mean stress, stress inhomogeneity, and dislocation interactions. 
Threads were found to be concentrated in regions of low stress and their capture cross-
section is much larger in these regions than in regions of high stress. 
Motivated by the results in Chapter 3, Chapter 4 presents an analytical 
investigation of the capture cross-section of a thread. Specifically, the area of the 
region inside which two threads with opposite Burgers vectors would annihilate was 
calculated for a range of film stresses and thicknesses. The results of this investigation 
showed that the size of the capture cross-section is very sensitive to the film stress a 
and that this relationship explains much of the dislocation behavior observed in the 
dislocation dynamics simulations. 
Chapter 5 is also motivated by the results given in Chapter 3. Chapter 5 details a 
statistical model to predict the effect of inhomogeneous film stresses on thread 
concentration. This model revealed that low stress regions in the film did serve to 
concentrate the threads, as suggested by the dislocation dynamics simulations, and that 
this effect was substantial. 
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In Chapter 6 the results from Chapters 3-5 are used to construct an analytical 
model for film strength based on Eq. (1.1). This is the first model ever proposed for 
film strength that is based on the motion and interaction of individual dislocations. A 
side-by-side comparison of the predictions of this model with the results of the 
dislocation dynamics simulations reveals that the analytical model captures relaxation 
behavior remarkably well, particularly given coarseness of the assumptions involved. 
This model is the capstone of this research because it describes the crucial link 
between the wide range of dislocation behaviors and macroscopic film stresses, a link 
has been a mystery for the past four decades. 
Finally, we conclude in Chapter 7 that a construction of a strain hardening model 
from fundamental dislocation behavior is possible and review some of the remaining 
issues to be addressed in the future to refine the model proposed in Chapter 6.  
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CHAPTER 2 
SIMULATION OF DISLOCATIONS AND STRENGTH IN THIN 
FILMS: A REVIEW1
 
Ray S. Fertig and Shefford P. Baker 
Department of Materials Science and Engineering, Cornell University, Ithaca, NY  14853 
 
ABSTRACT- Crystalline thin films have mechanical properties that cannot be 
predicted based on bulk scaling laws. Owing to their importance in technology, a great 
deal of effort has gone into modeling and simulation of the behaviors of dislocations 
in thin films. In this review, the successes and failures of modeling dislocations in thin 
films via analytical techniques, two dimensional dislocation dynamics simulations, 
and three dimensional discrete dislocation dynamics (DDD) simulations are discussed. 
Brief discussions of phase field models and level set methods are also included. The 
unique importance of three-dimensional DDD simulations is highlighted, as these 
simulations allow study of realistic dislocation behavior that is otherwise difficult or 
impossible to observe. The utility of three-dimensional DDD in discovering the 
mechanisms that control deformation in films is demonstrated, and first steps towards 
construction of a strain hardening model based on those mechanisms are described.  
 
2.1. Introduction and background 
 
Crystalline thin films are indispensable elements in a wide range of nanofabricated 
devices. Polycrystalline metal films are used as electrical conductors and resistors, 
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magnetic layers, optical reflectors and absorbers, chemical passivations and catalysts, 
and structural elements. Single crystal semiconductor films are used for their electrical 
properties. In such films, very high stresses may arise due to differential thermal 
expansion between film and substrate, an epitaxial relationship of film to substrate, or 
microstructural evolution in a film attached to a substrate. These stresses may in turn 
lead to failure by a variety of mechanisms, including excessive elastic or plastic 
deformation, stress voiding, fracture, or delamination. Thus, considerable effort has 
been invested in understanding the mechanical behavior of films on substrates. 
This behavior is typically studied experimentally by determining the stress in a 
film as a function of temperature using either substrate curvature (e.g. [1, 2]), or x-ray 
diffraction methods (e.g. [3]). Such data, however, are not generally well understood. 
It is well known from experiments that thin films exhibit significantly different 
mechanical behavior than their bulk counterparts [4-11]. As an example, Figure 2.1 
shows the mechanical behavior of a passivated 1 µm thick Cu film on a Si substrate 
determined during thermal cycling between room temperature and 600 ˚C using a 
substrate curvature method [2]. The strains in the film arise from differential thermal 
expansion with the substrate. The strain is assumed to be zero at the point where the 
stresses are zero on cooling. This film has a stable microstructure and repeated cycles 
trace the same hysteresis. Also shown are results of a simulation of this experiment 
based on empirical creep and plasticity equations [12] developed to describe steady-
state deformation in bulk Cu. This simulation uses physical data for bulk Cu and the 
measured microstructural characteristics of the film [13]. It approximates the behavior 
of a bulk specimen which has the same microstructure as the film and is subjected to 
the same strain-temperature history. The measured stress-strain hysteresis is clearly 
very different from that predicted by the simulation. 
While unlike the bulk material, the stress-strain behavior of the film in Fig. 2.1 shows 
a form that is common to many passivated metal films on substrates and much work 
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Figure 2.1.  Simulated (solid line) and experimental (open circles) stress-strain 
curves obtained from thermal cycling of 1 µm thick, passivated Cu films Si substrates. 
Strains arise from differential thermal expansion between film and substrate and were 
set to zero at the point where the (average) film stress is zero during cooling. 
Experimental stresses were measured using a substrate curvature method [2]. Stresses 
in the simulation were calculated using empirical deformation equations developed 
for bulk materials [12] but incorporating the microstructural characteristics of the 
film (as in [13]). The measured and predicted behaviors are very different, 
highlighting the fact that films behave very differently from bulk materials. 
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has been devoted to understanding the differences between the measured behavior of 
films and expectations based on empirical scaling laws developed for bulk materials 
[1, 2, 14-19]. The main deviations, evident in Fig. 2.1, are high stresses at both low 
and high temperature, strong Bauschinger effects, and high strain hardening rates. 
A key observation, at least for the purposes of this review, is that all of these 
deviations appear to depend on dislocation mechanisms [2, 13, 20]. Thus, the first step 
in understanding these behaviors is to describe how dislocations move and interact in 
films. As in bulk, dislocation loops may originate at sources within grains or as half 
loops expanding in from grain boundaries or interfaces. Regardless of where it 
originates, a dislocation loop (or half loop) moving into a film grows until it is stopped 
by the film/substrate and film/passivation (if any) interface(s), a grain boundary, or 
other dislocations. Neglecting grain boundaries and dislocation-dislocation 
interactions for the moment, continued dislocation motion will be as illustrated in 
Figure 2.2. A segment that runs through the thickness of the film, called a threading 
dislocation (or “thread”), moves through the film [21] and creates either a surface step 
in the case of a free surface, or a misfit dislocation (or “misfit”), in the case where the 
film intersects a substrate or passivation layer. Much work has been done to 
understand the deviations from bulk behavior shown in Fig.1 in light of the 
constrained dislocation motion shown in Fig. 2.2. We make this case for each of the 
categories of deviations described above as follows: 
High strength at low temperature: At low temperatures, where dislocation motion is 
expected to be the dominant deformation mechanism, it is well known that thin films 
can support flow stresses that exceed the yield strength of bulk metals by more than an 
order of magnitude [3, 5, 6, 22, 23]. Even with the fine grain size and the orientation 
of the film accounted for, the simulation in Fig. 2.1 fails to predict the strength of the 
film. This immediately raises the question of what mechanisms inhibit dislocation 
motion in thin films. Since the thread is the mobile dislocation segment, this translates 
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Figure 2.2.  A threading dislocation (thread) deposits misfit dislocations (misfits) as 
it moves through a film of thickness h. The dislocation can only advance (dotted line) 
when the strain energy reduction due to motion of the dislocation is greater than the 
energy cost of the additional misfit length 
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 directly to the basic question: what stops threads? The answer, at least for pure films, 
is: a thickness (dimensional) constraint, other dislocations, and grain boundaries. Each 
of these features can act to stop threads, but, as we shall see, none is alone sufficient to 
account for the stresses measured in films.  
We first consider the dimensional constraint. A thread moving through a film of 
thickness h relaxes the elastic strain in the nearby film but leaves misfits behind it 
(Fig. 2.2). For this to occur, the reduction in strain energy due to thread motion must 
equal or exceed the increase in energy due to insertion of misfit dislocation line length. 
For a fixed misfit strain, the strain energy varies linearly with thickness, while the 
misfit dislocation energy varies as ln(h) [5], leading to a critical thickness for 
dislocation motion [5, 24, 25]. Conversely, for a fixed thickness, this energy balance 
leads to a critical stress for dislocation motion that we, following Nix [26], refer to as 
the channeling stress. This dimensional constraint has been shown to be insufficient to 
account for the magnitude of the experimentally observed stresses in real films [2, 4, 
15, 23].  
Of course, a thread moving under a global stress greater than the channeling stress 
can be stopped by interacting with other dislocations. As shown in Figure 2.3, this 
may occur when thread motion is blocked by misfits on an intersecting slip plane (Fig. 
2.3a), by threads on an intersecting slip plane (Fig. 2.3b), by misfits on parallel planes, 
which lower the local stress below the channeling stress (Fig. 2.3c), or by threads on 
parallel planes which cause a thread-thread dipole to be formed (Fig. 2.3c). It is well 
known that dislocation interactions can give rise to not only high stresses but also to 
high strain hardening rates in bulk materials. It might be tempting to think that, if the 
strengths of the dislocation interactions shown in Fig. 2.3 could be catalogued, a 
predictive model for film strength could be developed. However, despite the fact that 
dislocation interactions in thin films have been a focus of study in the past two  
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(c) (d) 
 
Figure 2.3.  Types of dislocation interactions in films: (a) intersecting thread-misfit 
interaction, (b) intersecting thread-thread interaction, (c) parallel thread-misfit 
interaction, and (d) parallel thread-thread interaction (after Pant et al. [29]). 
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decades (e.g. [27-29]), a predictive model for strain hardening in thin films remains 
elusive. 
Finally, threads can be stopped or hindered at grain boundaries, as in Figure 2.4. 
Interactions of dislocations with grain boundaries can be quite complicated. While the 
dislocation may be simply blocked (Fig. 2.4), it may also be absorbed into the 
boundary, or retransmitted on either side of the boundary [30, 31]. While much work 
has been done to understand the behavior of dislocations at grain boundaries in model 
systems [30-35], applications to films have typically either simply assumed that the 
dislocation is either blocked or fully absorbed [36-38]. Relatively little work has been 
done specific to films on this topic but phenomenological models based on a Hall-
Petch type mechanism have been developed [2, 4], and this mechanism has also been 
shown to be insufficient to account for observed film stresses.  
High strength at high temperature: The simulation in Fig. 2.1 predicts that stresses 
should be relaxed to zero above about 400˚C by diffusional flow. In contrast, 
passivated films support high stresses at elevated temperatures. Since typical 
metallizations have columnar grain structures (all grain boundaries perpendicular to 
the plane of the film), diffusion between grain boundaries and interfaces is required to 
relax stresses. Stresses cannot be relaxed by diffusion along grain boundaries alone in 
such a structure. Thus, in virtually all modeling to date, high stresses at high 
temperatures are accounted for by assuming that diffusion along interfaces is 
negligible in the tested temperature range [2, 13, 17, 18, 39]. While there is no reason, 
a priori, to assume this should be true in all of the tested systems, stresses are 
nonetheless high at high temperatures, suggesting that plastic deformation is 
controlled by dislocation processes, even at those temperatures [13]. As a result, it 
may be possible to attribute thermomechanical behavior over a range of temperatures 
to dislocation-based mechanisms. 
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Figure 2.4.  Schematic of a thread blocked by a grain boundary. Depending on the 
stress and the orientations of the neighboring grains and the boundary, the dislocation 
may remain blocked, be absorbed into the boundary, or be retransmitted on either side 
of the boundary. 
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Large Bauschinger effect: In the simulation shown in Fig. 2.1, the stresses during 
initial unloading (heating) follow the thermoelastic slope until the compressive stress 
and temperature are both high enough to initiate plastic flow. The experimental data, 
however, deviate from this slope much earlier in the unloading process. This behavior 
is similar to the well-known Bauschinger effect in bulk materials. However, the effect 
is much stronger in films. That the data lie above the thermoelastic line (i.e. towards 
more tensile stresses) indicates that the plastic strains are compressive, even though 
the applied stress is still tensile. This phenomenon has been dubbed “negative 
yielding” [19, 40-43], and can be seen in published thermomechanical data from many 
passivated films (e.g. [1, 3, 4, 13, 19, 40]). This behavior has been attributed to threads 
moving “backwards,” against the applied stress, so as to reduce misfit dislocation line 
length when the stress is reduced below the channeling stress [40] or in response to the 
stress field of a dislocation pileup at a grain boundary [37]. To understand how much 
strain is recovered at what stress levels, it is again necessary to understand the 
interactions that stop threads. In this case interest is in the strength of those 
interactions on unloading. 
High strain hardening rates: Finally, in addition to supporting high stresses, films 
also show high strain hardening rates. Von Blanckenhagen et al. [37] collected data 
from several research groups and showed that strain hardening rates increase 
exponentially with decreasing film thickness. Strain hardening rates depend strongly 
on the nature of the film interfaces (free surface or interface with a substrate or 
passivation) [44]. Of course, the elastic modulus provides an upper limit to the strain 
hardening rate that is invariant with film thickness, and is achieved in very thin films 
having interfaces that are impenetrable to dislocations [45]. Thus, strain hardening 
rates in thin films can be very high and depend strongly on the constraints on 
dislocation motion. 
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The evidence suggests that high strength at high and low temperatures, large 
Bauschinger effects, and high strain hardening rates in thin films all depend on 
dislocation-based mechanisms. Clearly, a detailed understanding of how dislocations 
move and interact would shed a great deal of light on the deviations between bulk 
scaling laws and the thermomechanical behavior of thin metal films, as illustrated in 
Fig. 2.1. In addition, we note that another class of problems, plastic relaxation of 
epitaxial semiconductor films, is well described in terms of constraints on the motion 
of threading dislocations [46-48] and would benefit similarly from a detailed 
mechanistic understanding of dislocation behavior. To understand the mechanical 
behavior of both metal and crystalline semiconductor films, a great deal of “bottom-
up” dislocation modeling and simulation work has been done using analytical [5, 10, 
24-27, 49, 50], dislocation dynamics [28, 29, 51-54], and atomistic methods [55]. In 
such methods, the goal is to develop descriptions of macroscopic film behavior by 
accounting for the more-or-less realistic motion and interactions (e.g. annihilation and 
junction formation) of individual dislocations. Alternatively, “top-down” models, such 
as those of Sedlacek et al. [56-58] that consider dislocation interactions only through 
their average effect on dislocation motion, are also useful for studying the behavior of 
thin films, but such top-down modeling efforts are not the focus of this review. 
The goal of this review is to highlight the results of bottom-up modeling and 
simulations of dislocations in thin films with a focus on 3-D dislocation dynamics 
(DD) simulations. Toward this end, we first review analytical models of dislocation 
behaviors in films. While limited to straight infinitely long dislocations, or dislocation 
segments of well-defined shape, such models have been used to accurately 
characterize the thickness constraint (Fig. 2.2) and as an initial approach to certain 
types of dislocation interaction problems. Next, we look at 2-D dislocation dynamics 
simulations. Such simulations cannot answer the critical question of what stops 
threads, but provide a detailed overview of how parallel dislocations (Fig 3c) can 
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interact and move. We then turn to the 3-D simulations that are the focus of this 
review.  
3-D DD simulations are very powerful for two reasons. First, since dislocations 
modeled using 3-D simulations can adopt realistic arbitrarily-curved configurations in 
response to the local stress state, the configurations and strengths of individual 
dislocation interactions can be studied in detail. Second, since large numbers of 
dislocations can be simulated, it is possible to generate realistic dislocation structures 
and to identify the features of those structures that determine strength. Rather than 
assume what dislocation configurations will dominate in determining film strength, 
3D-DD simulations can be used to find out. This exploratory approach has proven to 
be very effective. However, we will argue that the main value of such simulations is 
that the results can be used to develop new concepts and new empirical scaling laws 
for describing thin film behavior. By using the simulations to study dislocation 
motion, interactions, and configurations, as well as the details of the stress field that 
develops, it is possible to develop simple empirical scaling laws for films that have a 
much higher degree of predictive accuracy than the bulk-based models of the past. For 
completeness, we also describe two relatively new DD simulation methods: phase 
field and level set. Finally, we discuss some of the main contributions and limitations 
of DD simulations in thin films, as well as prospects for future work.  
 
2.2. Analytical models 
 
Analytical models for dislocation behavior are typically limited to descriptions of 
simple configurations since only straight dislocations or segments with fixed curvature 
in a plane can be modeled with closed-form solutions [59], and since only small 
numbers of dislocations can be modeled unless they are in regular arrays. In contrast, 
in real 3-D materials, dislocations adopt complex 3-D shapes, react with each other in 
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complex ways, and multiply rapidly with plastic strain. In thin films, however, the 
thickness constraint creates a quasi 2-D structure in which the possible dislocations 
configurations are limited. As described in Section 2.1 above (Fig’s 2.2-2.4), this 
structure can be described in terms of threads moving and interacting in an 
environment of (relatively) stationary misfits. This constrained geometry is amenable 
to analytical modeling in the sense that one can propose and analyze configurations 
that might play a dominant role in determining film strength. In this spirit, analytical 
models have been formulated to address the channeling stress (Fig. 2.2) [5, 25], 
dislocation interactions (Fig. 2.3) [26, 27, 49, 60], and interactions between threads 
and grain boundaries (Fig. 2.4) [61, 62].  
The analytical models for the channeling stress are self-consistent [10] and 
accurately predict the onset of dislocation motion for a variety of materials [24]. In 
fact, these models are routinely used to “calibrate” simulations. However, analytical 
models of threads interacting with other dislocations and grain boundaries require 
highly idealized simplifications and are difficult to verify experimentally. As 
discussed below, recent simulations (e.g. [29]) suggest that analytical models predict 
neither the morphology nor the strength of thread stopping mechanisms accurately. 
Nonetheless, these analytical models have played an important role in conceptualizing 
strengthening mechanisms in thin films and in providing order-of-magnitude estimates 
of their effects. In this section, we briefly describe analytical models of the channeling 
stress as well as efforts to analytically model dislocation-dislocation interactions and 
dislocation-grain boundary interactions. The interaction models, although not accurate, 
are useful for later comparison to dislocation dynamics simulations, as they show why 
dislocation dynamics simulations are such a powerful tool for modeling thin films.  
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2.2.1 Channeling stress 
 
The idea of a thickness-dependent channeling strain was first developed by Frank 
and van der Merwe [63, 64], who demonstrated that a misfit dislocation can form in an 
epitaxial layer only when the strain energy reduction that results is greater than or 
equal to the energy increase due to the presence of the dislocation. They further 
postulated that this critical misfit strain should decrease with increasing film thickness.  
Following the work of Frank and van der Merwe, Matthews and Blakeslee [65, 66] 
developed a model to describe the relationship between misfit strain and threading 
dislocation motion. In their model, a thread moves as shown in Fig. 2.2. The force on 
the thread due to line tension is balanced with the force arising from the misfit strain 
to determine when the thread would propagate and extend the misfit dislocations. 
According to this model, the channeling strain, εch, at which thread motion would 
occur in an unpassivated isotropic film of thickness h attached to a substrate with 
identical elastic properties is (from [65])  
( )
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8
2
λν
αν
πε ,      (2.1) 
where α is the angle between the sense vector and Burgers vector of the misfit, λ the 
angle between the slip direction and the slip plane normal, b the magnitude of the 
Burgers vector, and ν the Poisson ratio. The key finding here is that the minimum 
strain required for thread motion is inversely proportional to the film thickness; a 
result that has been verified experimentally (e.g. [2, 23]). 
Using a similar approach, Freund [25] showed that for h >> b, the Matthews-
Blakeslee model is equivalent to using an energy balance. In the Freund model, the 
reduction in strain energy from motion of a thread is balanced with the increase in 
energy due to the addition of misfit dislocation line length to calculate the channeling 
 23 
  
strain for a particular film thickness. The εch values calculated using this method are 
nearly identical to those calculated using Eq. (2.1). 
Various researchers have added to the basic Matthews-Blakeslee and Freund 
channeling models with refinements to account for phenomena found in real films. 
Nix used the energy formulation in various forms to account for elastic anisotropy 
(e.g. differences in the biaxial modulus M between, say, (001)- and (111)-oriented 
films) [5], and the effect of elastic mismatch between the film and substrate on the 
channeling strain [5, 26]. Baker et al. [67] and Gao et al. [68] showed that if a 
dislocation core spreads out into the film/substrate interface, as has been observed in 
films deposited on amorphous substrates (e.g. [69]), the channeling strain can be 
substantially less than predicted by Eq. (2.1). This is because a spread-out core has 
lower energy than the core of a perfect Volterra dislocation. Recently, Douin et al. 
[50] have examined the effect propagating a thread that is composed of two Shockley 
partial dislocations in films of different orientations. They showed that for some 
orientations and loadings the propagation of a set of partials was qualitatively different 
from the propagation of a perfect dislocation. Notably, some loadings favored 
propagation of only one partial, leaving behind a growing stacking fault. 
 
2.2.2 Dislocation interactions 
 
While the channeling stress represents a fundamental component of film strength, 
the stresses observed in real films are much higher [2, 5]. Furthermore, this simple 
dimensional constraint cannot account for strain hardening. Thus, in order to more 
accurately model film strength, several attempts have been made to generate analytical 
models of interactions between threads and other dislocations. Freund developed an 
analytical solution for the effect of a thread being blocked by a misfit intersecting its 
path [27, 49]. He proposed a configuration in which the stress field of the misfit causes 
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the effective thickness of the channel in which a thread could move to decrease from h 
to h*, increasing the stress required to drive the thread past the misfit. A schematic of 
this type of blocking configuration is shown in Figure 2.5. Freund showed the 
calculated blocking effect in an unpassivated film to be substantial: the applied biaxial 
strain required to propagate a thread past a misfit was calculated to be ~2εch. Later 
calculations by Nix predicted a similar strengthening effect in passivated films [26]. 
Nix also calculated the effect on a thread of an infinite array of intersecting misfits on 
the same slip system [26] and showed that this configuration could produce very high 
strength and strain hardening rates.  
Analytical models of thread-misfit interactions provide an order-of-magnitude 
estimate of interaction strength and demonstrate the importance of local stress 
interactions in controlling thread motion in a film. However, the assumed critical 
configurations are not correct, as has been shown in numerous discrete dislocation 
dynamics simulations [28, 29, 70, 71]. In analytical models of thread/misfit 
interactions, the misfit is assumed to be rigid and infinitely long while the thread is 
assumed to propagate self-similarly, such that its shape does not change during the 
interaction [27]. However, both experiment [72, 73] and simulations [28, 29, 70, 71, 
74-76] have shown that the (changing) shape of the thread and the motion of the misfit 
are important in determining interaction strength. Analytical models cannot model 
these effects and cannot be expected to be quantitatively accurate; indeed they 
significantly overestimate the strength of these interactions [28, 70, 77].  
Analytical models have also been proposed to evaluate the effect of misfit 
dislocations lying parallel to a moving thread, as shown in Fig. 2.3c. One effect is 
obvious a priori: if a fixed strain is applied and an array of misfits is introduced that 
relaxes that strain, any thread on the same slip system as the misfits will feel a lower 
driving force for motion than if the array was not present. Thus, the applied global 
strain must be increased to achieve the same local stress as would be the case in a 
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Figure 2.5.  Schematic of a misfit dipole blocking a threading dislocation (after 
Freund [60] and Nix [25]). The stress field of the misfits decreases the “channel” 
thickness that the thread must pass through, which increases the driving stress 
required to move the thread. 
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misfit-free film with the same applied strain. Freund showed that how an array of 
infinite misfits evolves can influence the relaxed configuration of the array, and 
thusthe residual strain (or stress) [78]. If misfits are deposited simultaneously, the 
relaxation can be greater than if misfits are deposited sequentially because misfits 
deposited after some initial misfit structure has been established feel not only the 
applied stress but also the stress from the misfits that have already been deposited. In 
fact, any model of film stress that only incorporates dislocations through a film-
averaged strain cannot capture the stress-strain behavior of the film because the stress 
on any particular thread is the local stress, not necessarily the film-averaged stress. 
Weihnacht and Bruckner [79] also examined this effect by calculating the stress 
required to drive a misfit dislocation into a preexisting array of misfits at an interface.  
 
2.2.3 Dislocation-grain boundary interactions 
 
As in bulk materials, grain boundaries are an important impediment to dislocation 
motion in films, but interactions between dislocations and grain boundaries are too 
complex to completely model analytically, so analytical modeling efforts have focused 
on generating descriptive models of the relationship between film stress and grain size 
[22, 61]. The functional form of this relationship is still disputed. Thompson presented 
an analytical model in which a thread blocked by an impenetrable grain boundary is 
treated in the same way as a misfit blocked by an interface [22]. This model is 
identical to the channeling model discussed above, except that the constraining 
dimension is the grain size instead of the thickness. Not surprisingly, film stresses 
were calculated to be inversely proportional to the grain size d. Other studies [61] have 
used a Hall-Petch description, which predicts that film stress should be inversely 
proportional to the square root of the grain size. In a typical interpretation of Hall-
Petch behavior (e.g. [7]), dislocations are assumed to pile up at a grain boundary until 
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a critical stress is exerted on the boundary by the lead dislocation in the pileup, at 
which point that dislocation is transmitted, or a new dislocation is nucleated, in the 
adjacent grain. The size of the pileup is taken to be proportional to the grain size. This 
model implicitly assumes that dislocations are repeatedly nucleated from a single 
dislocation source, which has yet to be confirmed experimentally as a dominant form 
of nucleation in thin films.  
Experimental results have not yet resolved this dispute. Venkatraman and 
Bravman reported flow stresses proportional to d-1 in aluminum films, in agreement 
with the Thompson model, while  Keller et al. [2] found that their own data for Cu 
films, as well as the Al film data of Venkatraman and Bravman were better described 
by a Hall-Petch d-1/2 description. Friedman and Chrzan [61] and Friedman [62] 
developed an analytical model of dislocation pileups in multilayers and showed that 
generally the Hall-Petch description provides the correct functional form, but that the 
scaling exponent could vary depending on the elastic mismatch between layers and the 
orientation of the slip planes.  
Given the complexity of dislocation-grain boundary interactions, it is not 
surprising that a realistic picture of the effects of grain boundaries on thin film 
strength has not yet been provided by analytical modeling. The grain boundary 
contribution to film strength depends on the grain size, orientation and grain boundary 
structure, as has been robustly demonstrated for nanocrystalline materials, i.e. bulk 
materials with nanometer-scale grain sizes [80]. Thus, detailed atomistic simulations, 
which are beyond the scope of this review, are the best tool for studying this problem 
because they can capture the effect of grain boundary structure on an intersecting 
dislocation. These effects must be accounted for in order to accurately model 
dislocation-grain boundary interactions.  
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2.2.4 Summary of analytical models 
 
The analytical work summarized above has helped our understanding of the 
relationship between dislocation behavior and film strength. Analytical models of the 
channeling stress have been shown to be accurate and are now widely used to 
calculate the minimum stresses required for dislocation motion (e.g. [81]). Models of 
dislocation interactions provide conceptual insight and order-of-magnitude estimates, 
but cannot be considered quantitative or predictive for two reasons: First, because 
analytical solutions have considered only infinitely long, straight dislocations, they 
cannot address changes in dislocation shape or the formation of junctions as 
dislocations move and interact. Second, analytical solutions only consider limited, 
idealized configurations, such as a thread traveling through an infinite array of 
periodic misfits. In real films, the spacing between misfits is statistically distributed, 
the types of interactions that stop the threads in any film will be diverse, and the 
stresses are neither homogeneous nor periodic. Analytical models of the effects of 
grain boundaries do not even attempt to capture details of local interactions, only 
global scaling behavior, and even there, there is much debate over the appropriate 
scaling of film strength with grain size in thin films. 
Thus, from the current analytical calculations of channeling stress, interaction 
strength, and grain boundary strengthening it is impossible even to predict the average 
film stress. Accurate studies of stresses in thin films must permit a realistic dislocation 
structure to evolve naturally. This provides the motivation for the dislocation 
dynamics work presented below.  
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2.3. Two dimensional dislocations dynamics simulations 
 
The simplest means of modeling a statistical distribution of dislocations that move 
through a naturally evolving stress field are two-dimensional dislocation dynamics 
simulations [77-90]. In 2D simulations, infinitely long parallel dislocations move in 
response to applied stresses and the stress fields of the other dislocations in the 
problem. One simply sums up the forces on each dislocation, and then moves each 
dislocation at a rate that is determined by a mobility law. The configuration is updated 
accordingly and the process is iterated. A complete method was presented by van der 
Giessen and Needleman [82]. In this method, the displacement fields of dislocations in 
an infinite elastic medium are superimposed on displacement fields that correct for the 
appropriate boundary conditions.  
A 2D simulation has several advantages compared with analytical methods: 
Dislocations can move and interact in a complex way; new dislocations can be 
nucleated by specifying “sources” at each of which a pair of dislocations are added to 
the problem whenever the stress at that location exceeds the strength of the source; 
and annihilation can be incorporated by removing dislocations of opposite Burgers 
vectors when they come within a specified distance of each other. Thus, a dislocation 
structure can evolve naturally. In addition, since exact image solutions can be 
superimposed on the elastic field solution for an infinite medium, careful scrutiny of 
the effect on film stress of free surfaces and elastic mismatch between film and 
substrate/passivation is possible. Finally, since each dislocation is represented by only 
a single point and because of the closed-form solution of the dislocation 
displacements, simulations with large numbers of dislocations are feasible. 
2D simulations have been used to obtain a range of insights into film behavior. A 
series of systematic studies were conducted by Nicola et al. [83-86], using the Van der 
Giessen and Needleman method [82]. Initial simulations [83-85, 87] modeled 
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unpassivated Al films on Si substrates. Three slip systems oriented 60° from each 
other, as shown in Figure 2.6, where the dislocations on each system are of pure edge 
character, were used. Possible active slip planes were spaced 100b apart and 
dislocation sources were seeded randomly on these planes. The sources were locations 
in the film that were assigned some nucleation strength τnuc, corresponding to a 
prescribed Gaussian distribution. When the resolved stress at a source exceeded τnuc, a 
dipole was generated. Each dislocation was moved with a velocity proportional to the 
force acting on it. Annihilation was assumed to occur if two dislocations with opposite 
Burgers vectors were within 6b of each other. A periodic unit cell 2 µm wide was used 
to mimic a film with infinite planar dimensions. Films with thicknesses ranging from 
125 nm to 2000 nm were simulated, with the source density held constant for all 
thicknesses. 
The results of these single crystal simulations suggested that two different 
mechanisms contribute to the thickness-dependent strength in thin films. First, a 
region with high stress gradients and high dislocation density was observed near the 
film-substrate interface, as shown in Figure 2.7. The stress gradients were roughly the 
same for three different film thicknesses. Thus, Nicola et al. modeled this situation by 
considering a film of thickness h with a boundary layer with thickness hL. By using the 
rule of mixtures, the film stress σf must be 
( bLLbf h
h σσσσ −+= ) ,       (2.2) 
where σb and σL are the average stresses outside and inside the boundary layer, 
respectively. The 2D simulations showed that there exists a threshold thickness above 
which σb, σL, and hL are independent of thickness. This result is important because it 
predicts a 1/h dependence of the flow stress, which has been robustly demonstrated 
experimentally (e.g. [2, 23]). This experimental result had previously been compared 
with channeling stress models, which predict only the onset of yielding. 
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Figure 2.6.  Slip system configuration typically used in 2D DD simulations in films. 
Although this configuration does not represent a real slip system configuration, it 
allows simulation of multiple slip systems.  
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 (c) 
Figure 2.7.  2D DD simulation results showing in-plane film stresses (color) and 
dislocation locations for (a) 250 nm and (b) 500 nm films, and (c) average in-plane 
film stresses at different positions through the thickness for 1000 (solid), 500 (dashed), 
and 250 (dotted lines) nm thick films. Straight lines indicate the film stress σf. A 
boundary layer with high stress gradient and dislocation density forms near the 
interface and leads to an inverse thickness dependence of σf. (From Nicola et al. 
[84]). Reprinted with permission from Nicola L, Van der Giessen E, Needleman A. 
Discrete dislocation analysis of size effects in thin films. J Appl. Phys. 93, 5920 
(2003). Copyright 2003, American Institute of Physics. 
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In films thinner than the threshold thickness, a second strengthening mechanism 
was identified: a backstress arising from interfacial dislocation pileups prevents a 
source from operating, resulting in a marked increase in σb compared with films above 
the threshold thickness. In accord with Eq. 2.2, this results in a higher film stress at a 
given strain and was thus observed as an increase in strain hardening rate (after initial 
plastic deformation to establish pileups). Interestingly, this second strengthening 
mechanism does not follow a 1/h dependence, or indeed any Hall-Petch type 
dependence on thickness [87]. Deviations from a 1/h dependence of film strength with 
decreasing h have also been reported experimentally (e.g. [2]). 
Nicola et al. extended their simulations to study polycrystalline thin films [87] 
with both thickness and grain size ranging from 250 nm to 1000 nm. In this case, the 
periodic unit cell consisted of eight grains with boundaries that were impenetrable to 
dislocations. The grains had identical elastic properties but rotated slip systems (Fig 
6). As in their single crystal film simulations, these films exhibited an interface 
boundary layer with a high stress gradient and a bulk region with roughly constant 
stress through the thickness. Interestingly, the polycrystal films showed an additional 
boundary layer at the surface of the unpassivated film. The interface and surface 
boundary layers were both about 150 nm thick, roughly invariant with film thickness 
or grain size. However, the average stresses in these layers increased with decreasing 
grain size; i.e. the stress gradients are invariant with thickness but not with grain size. 
These results indicate a complex coupling between film stress, film thickness, and 
grain size, and suggest, in contrast with the analytical models described in section 2.3, 
that the functional form of a Hall-Petch equation is inadequate to describe this 
relationship. 
Hartmaier et al. [88, 89] also modeled polycrystalline films with varying 
thicknesses using a similar 2D approach. They incorporated dislocation climb to 
simulate the buildup of diffusion wedges at grain boundaries [39]. The grain size in 
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these simulations was a factor of three larger than the thickness. These simulations 
showed a transition from plasticity dominated by dislocation glide to plasticity 
dominated by diffusional processes as film thickness decreased below 140 nm. The 
flow stress was simply proportional to the inverse of the film thickness in both 
regimes. 
The 2D simulations discussed above provide insights into the functional 
relationship between flow stresses and film parameters such as thickness, grain size, 
and dislocation density. In particular these simulations have provided models for the 
1/h dependence of the flow stress, and a change in the thickness dependence of 
strength below some critical thickness, both of which have been observed 
experimentally. Furthermore, they suggest that a complex interplay between film 
thickness and grain size may lead to non-Hall-Petch-like behavior, possibly making 
the debate over whether the grain size exponent is -1 or  -1/2 (discussed in Section 2.2) 
moot. 
However, a 2D model cannot capture realistic motion of dislocations in thin films 
even qualitatively. Rather than threads moving through the channel of the film 
interacting with other threads and misfits (e.g. Fig’s 2.2-2.5), in this formulation one 
must imagine that source-sized loop ends move unimpeded laterally over large 
distances to create straight dislocations parallel to the interfaces in the interior of the 
film which then move about. As in the analytical solutions described in Section 2.2, 
dislocation curvature and shape change are not accounted for. Junctions cannot form. 
The two-dimensional nature of the problem also limits the realism of the slip systems 
that can be used. The configuration shown in Fig. 2.6 is commonly used, but does not 
represent any real orientation in the modeled systems. It is simply a means to provide 
multiple slip systems in the 2D geometry.  
Furthermore, these simulations contain ad hoc assumptions that remain unverified 
but upon which the results depend. First is the use of dislocation sources to nucleate 
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dislocations. Regardless of how the source strengths or locations are prescribed, the 
type of source is assumed. For glide dislocations, Frank-Read sources are envisioned. 
For dislocations that climb into the film, surface nucleation is prescribed. Second, 
simulations of polycrystalline films assume grain boundaries and interfaces to be 
impenetrable, whereas dislocations may be blocked, absorbed, reflected, or transmitted 
at real grain boundaries [30, 31] or interfaces [55, 67, 68, 90]. Assuming that 
dislocations are generated by repeated source activation and blocked by grain 
boundaries and interfaces automatically gives rise to pileup behavior. Neither Frank-
Read sources nor pileups have been widely observed in thin films.  
How serious deficiencies due to the 2D geometry and ad hoc assumptions may be 
is a matter of speculation. There is very little experimental evidence that can be used 
to support or deny conclusions based on these simulations. However, as discussed 
below, 3D simulations can be used to address the geometry issues (at the expense of 
dramatically increased computational demands). The ad hoc assumptions, however, 
are common to both 2D and 3D DD simulations, and will be revisited below. 
 
2.4. Three-dimensional dislocation dynamics simulations 
 
Unlike 2D simulations, 3D simulations can capture the fundamental aspects of 
dislocation motion in films: motion of threads and the interactions that stop them. In 
addition, 3D simulations allow dislocations to adopt arbitrary shapes consistent with 
their line tension and local stress environment. The most developed and widely used 
3D simulation technique is discrete dislocation dynamics (DDD). All DDD codes 
operate on similar basic principles. First, as the name implies, a line representing a 
dislocation is discretized. Then, the forces on the discretized dislocation are 
calculated. The velocity of each point on the dislocation is then determined by 
 36 
  
applying a mobility law and the position is updated according to a time step. Finally, 
the dislocation is rediscretized and the process is repeated. 
The first 3D DDD code was developed by Kubin and Devincre [91, 92]. In this 
code, a dislocation is represented as a connected series of edge and screw segments. 
Since this initial work, there has been much interest in this technique and various 
groups have generated and refined a number of different DDD codes (e.g. [28, 51, 93-
100]. Some DDD codes have been used to simulate dislocations in thin films. These 
are listed in Table 1, which includes a summary of their salient features, as well as 
some important applications. The first column, Simulation Code, gives the title of the 
code if it has one, or the name of the primary developers. The second column, Code 
Ref., gives the references where detailed descriptions of the codes can be found. In the 
following, we discuss the distinguishing characteristics as well as some important 
results of each code.  
Three discretization schemes have been used: edge-screw, straight line, and 
tracking points. The Discretization column in Table 2.1 lists the scheme used by each 
code. In the edge-screw scheme, dislocations are discretized into pure edge and pure 
screw segments (Figure 2.8). This method is used because of its simplicity, 
particularly for simulating anisotropic materials. In the straight-line scheme, 
dislocations are discretized into straight lines and each segment moves as a straight 
line. This method is attractive because of its similarity to finite element methods. In 
the tracking point scheme, the dislocation is marked by tracking points. In contrast to 
the straight line discretization scheme, the portion of the dislocation between tracking 
points is not constrained to be linear during motion. The choice of discretization 
scheme is largely a matter of preference, since no benchmarking tests comparing the 
accuracy or calculation time have been performed to date. However, straight-line and 
tracking point discretization techniques most closely approximate the shape of a 
curved dislocation and are likely more accurate for generally curved dislocations.
 37 
  
Table 2.1.  Summary of three-dimensional dislocation dynamics codes used for dislocation dynamics simulation in thin films 
and some of their key features and application. 
 
Simulation Code Code 
Ref. 
Discretization  Core
Treatment 
FEM 
Coupling 
Channeling 
Stress 
Dislocation 
Interactions 
Large-scale Film 
Simulations 
PARANOID [51, 
126] 
Tracking points Modified 
Brown [51] 
[105] [28] [28, 29, 70-72, 
74] 
[52-54, 81, 111] 
K-F (Kukta-Freund) [77, 
127] 
Straight line  Brown [102]     None [127] [77] None
K-D (Kubin-
Devincre) 
[91]    Edge-screw
  
Brown [102] [108] [107]  
w/anisotropic 
line tension [108] 
w/o line tension 
[106] 
[107] None
W (Weygand-
Friedman-van der 
Giessen-Needleman) 
[128]       Straight line Brown [102] [128] Free-standing
film (no misfits) 
[95, 128] 
None None
micro3d (Zbib, 
Rhee, Hirth) 
[98, 
129] 
Straight line Simple 
dislocation 
bend using 
NN ptsÆ 
analytical 
solution 
[129] [76, 109] [76, 109] None 
VGA (von 
Blanckenhagen-
Gumbsch-Arzt) 
[36, 
97] 
Tracking points  Modified 
Brown [51] 
None [36] None [36, 37, 97] 
ParaDiS [100, 
130] 
Straight line 
segments  
non-singular 
core [104] 
[131]    None None None
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Figure 2.8.  Comparison of dislocation discretization schemes: edge-screw, straight 
line, and tracking points.
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Following the discretization step, the forces on the dislocations are calculated. The 
forces on the dislocations arise from applied stresses, the stress fields of other 
dislocations, and the so-called self-stress due to curvature. The force Fi due to the 
applied stresses and stress fields of other dislocations far from the point of interest is 
simply calculated using the Peach-Koehler formulation [59], 
 mjmkijk
i b
L
F σξε= ,       (2.3) 
where εijk is the permutation tensor, ξi is the sense vector of the dislocation, bi is the 
Burgers vector, σij is the stress on the dislocation, and repeated indices are summed. 
The contribution of the self-stress depends on how the finite core of the dislocation is 
dealt with, which is discussed below. 
Once the force on the dislocations is determined, the discretized dislocations are 
moved according to a mobility law. All of the simulations reported here assume a 
viscous law to describe the dislocation velocity v such as [59, 78] 
 [ kTQvv mRSS /exp 00 −⎟⎟⎠
⎞⎜⎜⎝
⎛= µ
τ ],      (2.5) 
where τRSS is the total resolved shear stress on the dislocation [101], Q0 an activation 
energy, k the Boltzmann constant, µ the shear modulus, v0 a material constant, and m a 
constant. Typically, m is taken to be unity, so that under isothermal conditions the 
velocity is proportional to the force on the dislocation.  
Because linear elastic solutions for the stress fields of a Volterra dislocation vary 
as 1/r, where r is the distance from the dislocation core, the stresses diverge near the 
core. Therefore, calculating the force on a segment or node in a DDD simulation due 
to immediately adjacent segments—the self-stress—is impossible without some 
approximation to deal with this singularity. The methods used by each of the 
simulations for calculating the self-stresses are given in the Core Treatment column of 
Table 1. Three basic approaches have been taken: perform some variant of an 
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operation known as Brown core-splitting [102], use an analytical solution for an arc of 
fixed radius [103], or use equations for a non-singular core [100, 104]. Brown core 
splitting [102] is used in the majority of dislocation codes used to model thin films. In 
this approximation, an arc is passed through the point of interest and the nearest 
neighbor points on the dislocation line. The arc is displaced by some distance +δ and 
again by –δ and the self-stress on the point of interest is taken as the average of the 
stress from the two arcs. Schwarz [51] modified this approach such that the arc 
included more than just the nearest neighbor points, making calculation of the self-
stress computationally stable for arbitrarily small segment sizes. Approximating the 
self-stress by passing an arc of fixed radius through the point of interest and using an 
analytical solution to calculate the self-stress has been used in the Micro3D code 
[103]. Simulations using a non-singular core approximation have not yet been 
extensively used for simulating dislocations in films. It should be noted that that 
regardless of the approximation technique, the goal is to resolve a numerical problem 
that arises from the use of linear elasticity and thus the core splitting distance or core 
smearing width does not necessarily represent the width of a real dislocation core. 
Finally, image effects on dislocations can be important due to the proximity of 
surfaces and interfaces in films. Approaches to this problem range from ignoring 
image effects in symmetric layers to using mirror images of the dislocations on the 
opposite side of an interface or surface to overlaying a finite element mesh to correctly 
enforce the traction boundary conditions. Schwarz has shown that unless films are 
extremely thin, it is reasonable to neglect image forces in free-standing and passivated 
films because the image forces from the two interfaces roughly cancel out [105]. He 
has also shown that a good approximation for modeling an unpassivated film is to 
model it as half of a passivated film [28]. For the codes that do use a finite element 
overlay, the references containing the details of this implementation are shown in the 
fourth column of Table 1, FEM Coupling. 
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In the following subsections we detail the successes of DDD simulations in 
simulating channeling stress, dislocation interactions, and large scale simulations. 
 
2.4.1 Simulations of channeling stress/strain 
 
The dependence of the channeling stress on film thickness is one of the 
fundamental size effects observed in thin films. This effect is elegantly captured by 
Eq. 2.1. Virtually all groups conducting DDD simulations of thin films have used the 
channeling stress as a benchmark for their simulations. All the codes are able to 
correctly simulate the thickness-dependent channeling stress, with the exception that 
Hartmaier et al. [106] used the line tension to fit an edge-screw discretization length. 
The references containing this benchmarking for each of the dislocation dynamics 
codes described above are shown in Table 1 in the column labeled Channeling Stress. 
Ideally, agreement between the simulations and analytical solution implies that thread 
motion is being accurately modeled over a range of length scales in the simulation. In 
fact, simulation parameters are sometimes tuned so that this agreement takes place. 
For example Gomez-Garcia et al. [107] used the analytical solution of the channeling 
stress to select a dislocation discretization and time step that allowed their edge-screw 
dislocation discretization to accurately model size effects in films. 
Three-dimensional DDD simulations have also been used to shed new light on the 
channeling stress and its effects on film strength. Groh et al. [108] studied the effect of 
elastic anisotropy on the channeling stress. They simulated Cu on Cu, Cu on Au, and 
Cu on Ni using dislocation dynamics coupled with a finite element analysis to account 
for image stresses at the interface and the free surface. After demonstrating agreement 
with Eq. 2.1 using isotropic elastic constants, they showed that using anisotropic 
elastic constants can increase the channeling stress above the stress predicted by the 
Matthews-Blakeslee criterion for an isotropic material by a factor of about two. For 
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these calculations, they used anisotropic elasticity with isotropic line tension 
calculations. When anisotropic line tension calculations were also added, the 
channeling stress increased by an additional 20%. Their simulations also revealed that 
films on stiffer substrates have higher channeling stresses than films on more 
compliant substrates.  
Simulations of the channeling stress do not suffer from either simplified 
geometries or ad hoc assumptions. They provide both a means of verifying 3D codes 
and an area in which dislocation behavior can be unambiguously studied using DDD 
simulations. 
 
2.4.2 Dislocation interactions 
 
The channeling stress may accurately predict the onset of the motion of a single 
dislocation, but it does not address strain hardening. Strain hardening is the result of 
dislocations interacting with each other. As described in the Introduction, in thin films 
one can envision a thread moving through the “channel” of the film thickness 
interacting with other threads (Fig. 2.3b and d) and with misfits (Fig. 2.3a and d)—at 
least for single crystal or large-grained films. We define the strength of an interaction 
to be the applied biaxial stress or strain required to cause a thread to break free of the 
interaction and continue moving through an otherwise dislocation-free film. The flow 
stress in such a film is therefore determined by the strength of dislocation interactions, 
and it is appealing to think that a model might be constructed in which the strengths of 
the interactions are combined to determine the strength of the film. To do this, we 
must first understand the strengths of the possible thread-misfit and thread-thread 
interactions. 
In the first subsection below, we discuss simulations of interactions between 
threads and misfits. The next subsection addresses simulations of interactions between 
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two threading dislocations. What becomes clear from these results is that threads can 
be stopped by a variety of interactions; some are strong and some are weak. The 
observed strength of a film lies in between the strengths of these interactions, but we 
argue that the strengths of particular interactions cannot be combined in a simple way 
to predict film strength. 
 
2.4.2.1 Thread-misfit interactions 
 
Broadly speaking, thread-misfit interactions can be classified into interactions 
between a thread and misfits lying either on an intersecting slip plane (Fig. 2.3a) or on 
a parallel slip plane (Fig. 2.3b). Interactions between threads and misfits lying on 
intersecting slip planes have been the most studied dislocation interaction—mostly 
because a moving thread must interact with every misfit in its path, leading to the 
expectation that this interaction must be quite common, but probably also owing to the 
ability to make a direct comparison to the analytical solution calculated by Freund 
[25].  
Using PARANOID, Schwarz and Tersoff were the first to simulate the interaction 
between a thread and a misfit lying in its path [28]. A thread moving in a (001) fcc 
film was simulated and interactions with intersecting misfits having four different 
Burgers vectors were considered. The misfits were rigid in this simulation, but the 
thread was allowed to adapt its shape based on the resolved shear stresses on the 
thread. The strength of the interactions with all four misfits was about 1.15 εch, much 
less than Freund’s analytical prediction [27] of about 2.0 εch. Other simulations that 
considered a thread moving past a rigid misfit were those of Gomez-Garcia et al. 
[107], who found blocking strengths similar to those of Schwarz and Tersoff, and 
Kukta and Freund [77], who found an interaction greater than that of Schwarz and 
Tersoff but about 50% less than Freund’s analytical value [27]. These simulations all 
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showed that changes in the configuration of the thread as it interacted with the misfit 
greatly affected the strength of the interaction. In particular, threads were able to find 
lower energy configurations than the fixed shape assumed in the analytical solution.  
An additional level of complexity is realized if the intersecting misfit dislocation is 
allowed to move in response to an approaching thread. Schwarz studied epitaxial 
unpassivated films in which the misfits were free to move into the substrate [70] as did 
Kukta and Freund [77]. Pant et al. [29] later simulated passivated films in which 
misfits were confined to, but could move around in, the film. Thread-misfit 
interactions in these simulations were also weak relative to Freund’s prediction [27], 
but rather than simple blocking, a range of behaviors was observed. When the misfit 
can move into the substrate, this reduces the interaction strength. But whether the 
misfit can move in the substrate or not, if it can move it will tend to align with the line 
of intersection of the slip planes of the thread and misfit so as to lower the energy of 
the interaction. This can result in an attractive interaction without reaction (referred to 
by Schwarz as “bound states” [70]) or the formation of junctions [29] or thread-misfit 
annihilation reactions [29, 53, 54] which occur when part of a thread annihilates with a 
part of the misfit. 
The thread-misfit annihilation is an example of the type of insight that can be 
gained from 3-D dislocation dynamics simulations. Examples of the configuration 
changes that can occur due to this interaction are shown in Figure 2.9 for 800 and 80 
nm films from the simulations of Pant et al. [29]. As the thread approaches the misfits 
in these simulations, the misfits lift up off the interface to annihilate with the thread 
along the line of intersection of their slip planes. If the applied strain is sufficiently 
high, the thread can pass the misfits but, due to the annihilation, the trailing misfits 
behind the thread and the intersecting misfits will be connected as shown in the top 
images in Fig. 2.9. The subsequent images (from top to bottom) show that if the 
applied strain on the film is reduced, the thread reconnects with the misfits to form  
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Figure 2.9.  Evolution of thread-misfit annihilation interactions in films (a) 800 nm 
thick and (b) 80 nm thick. The same interaction takes on different configurations due 
to increased constraints on dislocation motion in the thinner film. (from Pant et al. 
[29]). Reprinted from Acta Mater., 51, Pant P, Schwarz KW, Baker SP, Dislocation 
interactions in thin FCC metal films, 3243, Copyright (2003), with permission from 
Elsevier. 
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new dislocation structures. In the case of the 800 nm film, the thread now exists on 
two different slip planes. In the 80 nm film, the thread has changed slip planes. In both 
cases, at least one misfit changes slip planes at a right angle for these (100) films 
generating a “corner misfit” [72]. 
The thread-misfit annihilation turns out to be surprisingly important. Experiments 
have shown that this interaction occurs frequently [72], making this one example of 
DDD simulations informing experimental work. Thread-misfit annihilation reactions 
are also common in large scale DDD simulations containing many dislocations [29, 
53, 54] where, because this interaction can permanently change the both the 
configuration of the misfit and the slip plane of the thread, it has a significant 
influence on the final dislocation configuration.  
The simulations by Pant et al. [29] represent the most comprehensive single study 
of dislocation interactions in thin films. In this study, the four distinct combinations of 
threads and intersecting misfit dipoles in both (001) and (111) film orientations were 
simulated and some of these interactions were studied at a range of film thicknesses. 
The strengths of these interactions ranged from 1.0εch to 1.5εch. The orientation of the 
film affects interaction strength because of the different shapes that a thread can adopt 
as it interacts with the misfit. Pant et al. [29] showed that the thickness of the film 
affects the interaction in two different ways. First, a thinner film causes the curvature 
of a thread to increase in general compared with a thicker film, and requires a further 
increase for the thread to travel through a narrower misfit dipole. This prevents the 
thread from changing its shape easily because the required curvature changes are 
large. The upper bound on intersecting thread-misfit interaction strength of 1.5εch 
occurred for films with thicknesses ~ 10 nm. For films that are hundreds of 
nanometers thick, a more reasonable upper bound is 1.3εch. This lower strength is 
because the thread can change its shape in such a way that requires less force to move 
it pass the misfit. Second, both the increase in the channeling stress and the increase in 
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interaction strength lead to higher local stresses during the interaction. These higher 
stresses constrain the misfit from moving into the film from the interface and limit the 
configurations that it can adopt. This is the reason for the different final configurations 
of the thread-misfit annihilation reactions shown in Fig. 2.9. In all cases, the strengths 
were less than predicted by Freund’s analytical model [27].  
Akasheh et al. [76, 109], using micro3D, conducted systematic studies of threads 
interacting with intersecting misfits in nanoscale strained coherent multilayers. They 
examined the effect of blocking by intersecting misfits for the four possible type of 
intersecting misfits in a (001) film in a multilayer structure. This is similar to the study 
by Pant et al. [29] except that Pant considered films with impenetrable boundaries 
having thicknesses of 80 nm or 800 nm and neglected image stresses. Akasheh et al. 
[76], on the other hand, studied coherent multilayers with elastic mismatch between 
the layers and layer thicknesses ranging from 6.4 nm to 51.1 nm and included the 
effects of image stresses by using a finite element overlay. Consistent with the results 
from Pant et al., Akasheh et al. showed that the interaction strength between a thread 
an intersecting misfit is ~ 1.5 εch for these very thin films and that the strongest 
interaction is between a thread and intersecting misfit having the same Burgers vector. 
The fact that including image stresses did not lead to appreciably different results than 
the results from the simulations of Pant et al., which did not include image stress 
effects, is consistent with the idea that for passivated films, image forces can be 
neglected [105]. 
The effect of threads interacting with misfits on parallel glide planes (Fig. 2.3c) 
was also examined by Pant et al. [29] for different film orientations and thicknesses. 
For these interactions, the upper limit on the interaction strength was about 1.7εch 
when the parallel misfit was ~10 nm from the thread. In the case of an 800 nm Cu 
film, this interaction was shown to be stronger than the intersecting thread-misfit 
interaction when the spacing between the misfit and thread was less than 100 nm, 
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which corresponds to about 0.1% plastic strain. Because parallel interactions are 
dependent on the distance to the parallel misfit, the strength of these interactions will 
depend strongly on the distribution of misfits spacing in the film. 
The 3D DDD simulations of interactions between threads and misfits have 
revealed several features that are important to film strength but would be difficult or 
impossible to study using analytical models or 2D simulations. First, the configuration 
of both the thread and the misfit change during the interaction. In many cases this 
change is significant and permanent. In all cases, it causes the interaction strength to 
be lower than predicted by the previous analytical interaction model [27]. Second, 
both the configuration and the strength of the interaction are dependent on film 
thickness with interaction stress increasing with decreasing film thickness. 
The results of these simulations provide many insights into thread-misfit 
interactions, However, it is clear that strength of an interaction between any single 
thread and any single misfit dipole is not sufficient to account for film strength. 
 
2.4.2.2 Thread-thread interactions 
 
As with thread-misfit interactions, thread-thread interactions can be classified into 
interactions between threads lying either on intersecting (Fig. 2.3a) or parallel (Fig. 
2.3b) slip planes. The strength of interactions between threading dislocations have not 
been studied analytically, perhaps because analytical solutions do not exist in closed 
form for dislocations that have varying curvature along their length, as do threads, or 
perhaps because they are not thought to be common enough to control strength.  
Schwarz was the first to show that thread-thread interactions could be important. 
Using PARANOID, he examined the effect of threads interacting with other threads 
on parallel glide planes [71, 74]. He calculated both the loading and unloading 
interaction strengths of thread-thread dipoles. As expected, the interaction strength 
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depends strongly on the separation of the dipoles, with strength on loading exceeding 
5εch for separations of a few atomic planes in a 100 nm thick passivated film. He also 
noted that the trapping range, defined as the maximum distance between the glide 
planes of two threads such that the threads will interact to immobilize each other, 
increases with decreasing stress. He also observed that a third thread could come near 
a dipole and break the dipole or replace one of the threads in the dipole. This 
phenomenon was shown to give rise to a dislocation structure very similar to a 
dislocation structure observed in real semiconductor films, as shown in Figure 2.10. In 
simulations of dislocations in a buried layer, repeated activation of two Frank-Read 
sources, situated on closely-spaced parallel glide planes, produced threads which 
moved towards each other to form thread dipoles. As new threads were generated by 
the Frank-Read sources, each previously formed dipole would break, sending the 
dislocation ahead of it further along to form a new dipole in a cascade of dipole 
breaking and formation. The misfits associated with the thread dipoles were pushed 
into the substrate above and below the layer creating a beautiful structure that is very 
similar to that actually seen in a SiGe layer on Si. This work was the first to simulate 
thread-thread interactions and showed that these interactions are an important in films. 
The simulations by Pant et al. [29] also included a systematic examination of  
thread-thread interactions. For threads on parallel slip planes 100 nm apart in an 800 
nm film, the interaction strength was nearly 1.5εch. But in an 80 nm film, the thread 
spacing had to be 10 nm to achieve the same strength. This thickness dependence 
arises from the increasing difficulty for shape change of the thread with decreasing 
film thickness. In a thick film, the threads can easily align to form a strong dipole, 
while in a thin film at the same thread spacing, the threads remain curved and the 
dipole is much weaker. So, like the thread-misfit interactions, the thread-thread 
interactions display strong thickness dependence, but in this case the interaction 
strength is greater for thicker films. Since threads have to be very close in order for the 
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Figure 2.10.  Top: Cross-sectional TEM of graded SiGe layer grown on Si. Dark 
lines correspond to dislocations. Bottom: Simulation results from repeated activation 
of two Frank-Read sources on parallel slip planes. (from Schwarz and LeGoues [74]) 
Reprinted figures with permission from Schwarz, KW, LeGoues, FK., Phys. Rev. Lett. 
79:1877 (1997). Copyright (1997) by the American Physical Society. 
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interaction strength to be important in very thin films, this interaction may play an 
appreciable role in stopping threads only in thicker films. 
Pant et al. [29] also systematically simulated interactions between threads on 
intersecting slip planes (Fig. 2.3b). For these interactions the interaction strengths span 
a very wide range from just above 1.0εch up to ∞ for the case of annihilation. (By our 
definition, annihilation interactions have infinite strength because the threads involved 
are no longer in the film and thus, regardless of the applied stress, can never be moved 
out of that interaction.) In addition, some thread-thread junctions had strengths that 
were ~10εch—much higher than any thread-misfit interaction. As with thread-thread 
dipoles, interaction strength between threads on intersecting slip planes increase with 
increasing film thickness. 
As with the thread-misfit interactions, the configurations of the threads involved in 
thread-thread interactions play a significant role in determining the interaction strength 
and thus there is a significant thickness dependence, although unlike thread-misfit 
interactions, thread-thread interactions become stronger as the film becomes thicker. 
Encouragingly, the simulations have shown that some thread-thread interactions have 
strengths that are higher than the average stresses observed in films. However, it is 
important to know how common these strong interactions might be in a film since film 
strength is dependent on not only the strength of an interaction but also on how far a 
thread travels before stopping in the interaction. 
 
2.4.2.3 Dislocation interactions summary 
 
3D DDD simulations are able to capture the critical shape changes that determine both 
the strength and the final configuration of dislocation-dislocation interactions in thin 
films. Simulations of thread-thread and thread-misfit interactions have provided 
valuable insight into the behavior of dislocations in thin films and provide an initial 
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answer to the question: What stops threads? These simulations showed that 
interactions between threads and misfits are weak with strengths generally less than 
1.3εch, and that interactions between threads and other threads can be very strong, 
relative to typical film stresses. In addition, changes in interaction strength with 
thickness in these simulations suggest that thread-misfit interactions should be more 
important in very thin films, while thread-thread interactions may become more 
important with increasing film thickness. Nevertheless, it is not possible to predict 
film strength or strain hardening directly from the strengths of isolated dislocation 
interactions. This is primarily because as a thread moves it changes the misfit density 
and structure, which in turn affects the local stress landscape. (In a displacement 
controlled experiment the global stress will decrease as the threads move.) The 
likelihood that any particular type of interaction will stop a thread depends on the local 
stress and the presence of dislocations with which the thread can interact at that stress 
level. Thus, the distance a thread travels before interacting is as important as the 
interaction strength in determining the strength of a film. In addition, it is also possible 
that more than two dislocations come together to interact (consider the multijunctions 
observed in bulk materials [110]). To link our knowledge of the strength of dislocation 
interactions to the strength of the entire film, large-scale simulations, discussed in the 
following section, are needed. 
 
2.4.3 Large-scale dislocation dynamics simulations 
 
To study how realistic dislocation structures evolve in thin films, large-scale 
simulations incorporating many dislocations are necessary. Such simulations provide 
the opportunity to find out what types of dislocation interactions and structures arise 
given a sufficient number of threads that move and interact naturally. These 
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simulations also allow study of how the local stress field develops and the 
relationships between the local stresses and the dislocation structure that forms.  
All large-scale simulations to date use similar methodology. First, some reduced 
volume is defined, either a grain or a periodic unit cell. Then dislocations are inserted 
in the film. This is done either by introducing a starting set of dislocations or by 
introducing a starting configuration of Frank-Read sources. Either type of starting 
configuration requires the assumption of a preexisting dislocation structure that is 
somewhat artificial. After an initial dislocation configuration is assumed, a strain is 
applied and the dislocations are allowed to move and interact naturally in response to 
the stresses in the film.  
The primary challenge to large-scale discrete dislocation dynamics simulations of 
films is that the computational cost is immense. In the absence of simplifying 
approximations, the computation time required to evaluate the contribution of N 
dislocation segments is proportional to N2. To obtain good resolution, the size of the 
segments into which dislocations are discretized is made smaller in regions of higher 
curvature or where dislocations are in close proximity to each other. Thus N increases 
rapidly as the dislocation structure evolves. In addition, as dislocation density 
increases, the distance between dislocations decreases, the forces on the dislocation 
segments increase (on average), and the distance that the segments move in a fixed 
time according to the mobility law (Eq. 2.4) also increase. In order to maintain 
stability of the computation and to correctly model local dislocation interactions, it is 
necessary to limit the distance that any one segment moves during a time step. Thus, 
the time step is rapidly decreased as the dislocation structure evolves. Due to these 
adaptive time step and discretization schemes, the number of computations per unit 
plastic strain increases dramatically as dislocation density increases in large-scale 
simulations. As an example, fully resolved simulations by Pant et al. [53, 54], and 
Fertig et al. [53, 54] of ~100 threads relaxing ~2εch applied strain required of-order 
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100,000 cpu-hours. Because dealing with image forces is also computationally 
intensive and because of the observations that image forces at the top and bottom 
interfaces of the film tend to cancel [105], image forces have typically been neglected 
in large scale 3D DDD simulations of thin films. 
Currently, two film configurations have been studied using large-scale 3D DDD 
simulations: passivated single crystal films and polycrystalline films, both 
freestanding and encapsulated. The single crystal studies have successfully addressed 
the questions remaining after the simulations of individual dislocations interactions: 
How do “weak” thread-misfit and “strong” thread-thread interactions combine to 
produce measured film strengths? How far do threads travel before stopping in an 
interaction? And, can we identify a link between individual interactions and global 
film behavior? Furthermore we argue that, just as with the 2D simulations, the real 
value in 3D DDD simulations is the ability to learn what features control strength and 
strain hardening so that simple, accurate, and predictive empirical models can be 
produced. The polycrystal studies have also produced sensible models and scaling 
laws, but, because dislocation-grain boundary interactions cannot be accurately 
modeled, are less satisfying. In the following sections, some key features and results 
from large-scale 3D DDD simulations of single- and poly-crystal films are presented 
and discussed. 
 
2.4.3.1 Single-crystal films 
 
The large-scale simulations of dislocations in single-crystal films have all been 
done using the PARANOID code [52-54, 81, 111]. The first results of such 
simulations were presented by Schwarz, who considered passivated (001) fcc films 
100 nm thick [52]. Relaxation simulations were performed in layers with simulation 
cell sizes ranging from 2 to 8 µm on a side containing 16 to 2048 initial threads by 
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imposing an initial strain of 0.01 and allowing the threads to move and interact until 
all threads had stopped moving. Schwarz reported three primary results. First, as 
expected based on the interaction studies, thread-thread annihilations, thread-thread 
junctions, and thread-misfit annihilations, ultimately immobilized the majority of the 
threads. Second, the misfits created substantial spatial fluctuations in the stress felt by 
a thread as it moved through the film. Finally, these simulations showed that 
increasing initial thread density results in a decreased final residual stress. Schwarz 
suggested that a model based on stress “traps” that stop threads would most accurately 
describe relaxation in these films. 
Schwarz et al. used similar DDD simulations conducted using periodic simulation 
cells to make direct comparisons with relaxation experiments in Si1-xGex layers in 
which initial dislocation structures had been induced by implantation of He ions [111]. 
The initial threading density in the simulations was adjusted so that the final thread 
density in the fully relaxed simulation and experiment agreed. Without any other 
adjustable parameters, the simulations agreed with the experimental data both 
qualitatively, in terms of dislocation configuration, and quantitatively, in terms of 
residual strain; suggesting that these simulations reasonably approximate the actual 
behavior of dislocations in thin films. In other work [81], DDD simulation results were 
also shown to be in good agreement with experimental results from GaAs films.  
Pant et al. [53] took this approach further and simulated not only loading but also 
unloading by conducting a series of sequential relaxations in a 200 nm thick 
passivated (001)-oriented fcc film (nominally Cu). An initial set of 32 loops (64 
threads) with an equal number of loops on each possible slip system was seeded at 
random locations in a 4 µm square periodic simulation cell, a strain of 1.3εch was 
applied and the threads allowed to run until they stopped. The applied strain was then 
incremented to 1.8 and 2.3εch with full relaxations at each step. Unloading was carried 
out in a similar manner with smaller unloading increments for strains less than 1εch. 
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The dislocation structure and biaxial stress distribution after relaxation at 1.8εch during 
loading are shown in Figure 2.11, and the average film stress and the dislocation 
density at each relaxed state in Figure 2.12. The results of the relaxations after the 
loading steps in these simulations were similar to those of Schwarz [52] in that the 
same types of thread-thread and thread-misfit interactions formed and the stress state 
became inhomogeneous. In addition, Lomer locks were observed.  
The load steps were very illuminating. At each load step, most of the thread-misfit 
interactions broke allowing the threads to move forward into the film, while most of 
the thread-thread interactions held—consistent with the different strengths of the 
individual interactions (Sec. 2.4.2). Thus, threads accumulated in thread-thread 
interactions as plastic strain increased. Nonetheless thread-misfit interactions were 
observed to stop threads, even at an applied strain of 2.3εch. When threads did move, 
they were most often stopped in regions of low stress (consistent with Schwarz’s 
prediction [52]) as can be seen in Fig. 2.11. These results show that the stress 
inhomogeneity in the film influences dislocation interactions. Despite the rather large 
strain steps, the strain hardening rates observed in the simulations (taken as the slope 
of the relaxed stresses with the applied strain) are in good agreement with 
experimental values for Cu films.  
The unloading simulations of Pant et al. [53] produced a strong Bauschinger effect 
comparable to that seen in experimental data (compare Fig. 2.1 with Fig. 2.12.). 
During relaxation at 1.8 and 1.3εch on unloading, the dislocation structure changed 
very little, as evidenced by the nearly constant dislocation density (Fig. 2.12). This is 
consistent with the unloading strengths of interactions discussed in Section 2.4.2. 
Below εch, the threads run backwards, against the applied stress, to eliminate the 
misfits until, at 0.3εch, only misfits remain. Below 0.15εch, the misfit dipoles collapse, 
so that all of the plastic strain is recovered before the applied tensile strain decreases to 
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Figure 2.11.  Dislocation configuration and the distribution of average biaxial 
stresses in an (001) film after relaxation from 1.8εch. Only the top misfit and the top 
half of each thread is shown for clarity. The stress field is very inhomogeneous and 
most dislocations are stopped in regions low local stress (from Pant et al. [53]). 
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Figure 2.12.  Average biaxial stress and dislocation density in (001) films after 
relaxation from different applied strain states during loading and unloading 
simulations. (from Pant et al. [53]).  
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zero. Thus the behavior is completely anelastic. These simulations provide a model for 
the origin of the large Bauschinger strains that are observed in thin films [40].  
The simulations of Pant et al. [53] suggested that to develop a clear understanding 
of strength and strain hardening in single crystal films it would be necessary to 
understand how the inhomogeneity in the stress field evolves, what fraction of threads 
are stopped by each interaction type, and how far a thread travels before stopping, all 
as a function of the increasing misfit density during plastic deformation. With the 
intent to answer these questions, Fertig et al. [54] conducted more detailed simulations 
of stepwise loading, thoroughly analyzing the stress state and the interactions stopping 
threads in each relaxed configuration. These simulations were similar to those of Pant 
et al. [53] in that a series of sequential relaxations in a 200 nm thick passivated (001)-
oriented fcc film (nominally Cu) were simulated using a 4 µm square periodic 
simulation cell. However in this case, the initial configuration consisted of 70 loops 
(140 threads) seeded randomly on the possible slip systems at random locations in the 
film. Strains of 1.3 to 3.3εch were applied in 0.5εch increments. As before, the threads 
were allowed to run until they stopped, creating a relaxed configuration after each load 
step. Like Pant et al.[53], Fertig et al. [54] also observed that film stresses were 
inhomogeneous in the relaxed configurations and that threads were nearly always 
stopped in regions of low stress, regardless of the type of interaction that stopped the 
thread. 
Fertig et al. [54] went further and determined what types of interactions stopped 
every thread after each load step. The fates of the threads in the relaxed configurations 
are summarized in Figure 2.13, which shows the fraction of threads that have stopped 
due to thread-thread annihilation (TTA), thread-thread junction or dipole (NATT), 
thread-misfit annihilation (TMA), or other thread misfit interactions (NATM). At the 
end of each strain increment, the majority of the threads are stopped in thread-thread 
interactions not in thread-misfit interactions, as might be assumed. This result will, of 
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Figure 2.13. Interactions stopping threads after relaxation at each strain increment 
in the simulations by Fertig et al. [54]. Interactions are coded as TT = thread-thread, 
TM = thread-misfit, A = annihilation, NA = non-annihilating. TT interactions are 
seen to dominate at all strain levels and TM interactions to persist even at average 
stresses larger than nominal TM interaction strengths. 
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course, be dependent on the initial thread density, but it highlights the fact that the 
type of interaction that will stop a thread cannot be assumed a priori. In addition, 
thread-misfit interactions continue to stop threads at applied strains up to 3.3εch 
despite the fact that at this strain level, the average biaxial film stress is much higher 
than the interaction strength of any thread-misfit interaction. Fertig et al. [54] showed 
that both the presence of a high fraction of thread-thread interactions at all stress 
levels, and the presence of thread-misfit interactions at high stress levels can be 
attributed to the inhomogeneous stress state. 
In their single crystal simulations, Fertig et al. [54]  found that the stress 
distribution rapidly became Gaussian and that the standard deviation increased 
significantly with increasing misfit density. This explains the presence of thread-misfit 
interactions at high average stresses since there were always regions where the local 
stress field was lower than the thread-misfit interaction strength and thread-misfit 
interactions occurred in these regions.  
Fertig et al. [54]  used this observation to develop a predictive model describing 
the distance a thread could travel before stopping in a thread-misfit interaction. 
Because the location that a thread will stop as a result of a thread-misfit interaction is 
governed by the local stress field relative to the interaction strength, the distance that a 
thread travels during relaxation is governed by the spatial fluctuation in the stress 
field. This is illustrated in Figure 2.14(a), which shows the resolved shear stress τ/τch 
on a slip plane along a line through the middle of the film calculated from the relaxed 
configuration following an applied strain of 2.3εch. The shaded region represents the 
range of thread-misfit interaction strengths. If a thread moves through this stress field, 
the average distance that it will travel before stopping—the mean free path for 
dislocation motion—is just half of the average distance λ between regions of stress 
below some nominal thread-misfit interaction strength, τTM. Figure 2.14(b) shows λ as 
a function of τTM and the mean stress of the field τ . The different curves correspond 
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Figure 2.14. (a) Resolved shear stress along a line through the middle of a 
simulated 200 nm thick film that has relaxed an applied strain of 2.3εch. (b) Average 
distance between regions of stress lower than τTM in a field with mean stress τ  and 
standard deviation τˆ . 
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to stress fields with different standard deviations of stress τˆ  created by different misfit 
structures. Note that the average spacing between regions below the prescribed stress 
τTM decreases with increasing τˆ . Fertig et al. [54] showed that the λ/2 was in fact a 
good descriptor of the average distance traveled by a thread before it stopped in a 
thread-misfit interaction.  
The inhomogeneity of the stress field also explains the prevalence of thread-thread 
interactions. As illustrated in Fig. 2.13, the number of threads stopped in TTA 
interactions steadily increases. That this increase is monotonic is not surprising, since 
threads can never leave this interaction. But, only about half of the threads that moved 
in the initial strain step move during the final strain step; so it is somewhat surprising 
that the number of threads that annihilate during each load step is nearly constant. For 
this to be the case, the threads must either move much farther during the relaxation 
step than was consistent with the amount of strain relaxation observed, or the 
inhomogeneous stress field affects the likelihood of thread-thread interaction. Fertig 
and Baker [112, 113] developed an analytical statistical model that showed that the 
latter is the case. Because threads move with a velocity proportional to the local 
resolved shear stress, threads move faster through regions of high stress and slower 
through regions of low stress. The result is that threads become more concentrated in 
regions of low stress, which increases the likelihood of a thread-thread interaction. 
Thus, thread-thread interactions should be more likely in an inhomogeneous stress 
field than in a homogeneous field. This is illustrated in Figure 2.15, which shows the 
likelihood of thread-thread interactions f in an inhomogeneous field normalized by the 
likelihood fh in a homogeneous stress field plotted as a function of the coefficient of 
variation of the stress field. The smooth curve is analytically derived, while the open 
circles represent cellular automata simulations described in [113]. As the coefficient of 
variation of the stress field increases, the likelihood of thread-thread interaction 
increases, dramatically so when the coefficient of variation exceeds about 0.25. In the 
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Figure 2.15. Fraction of threads f interacting in an inhomogeneous stress field 
normalized by the fraction of threads fh that interact in a homogeneous field. The 
fields are characterized by mean µ and standard deviation σ of the resolved shear 
stresses on the dislocations. Increasing inhomogeneity of the stress field leads to 
increasing probability of thread-thread interactions since threads move more slowly, 
and become concentrated, in regions of low stress. 
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simulations, the coefficient of variation always exceeded this value. Thus, the threads 
were increasingly concentrated in low stress regions, which explains why they 
interacted with nearly constant frequency even when the global density of threads (as 
opposed to the effective density) decreased significantly. 
Overall, the work of Fertig et al. [54] and Fertig and Baker [112, 113] provides a 
complete picture of strength and strain hardening in thin films based purely on 
dislocation interactions in an evolving stress field. On the one hand, “weak” thread-
misfit interactions are effective because threads are trapped in these interactions in 
regions of low stress. The average distance of λ/2 that threads travel before being 
trapped determines the strain, and thus the strain hardening rate. On the other hand, 
“strong” thread-thread interactions occur frequently because threads are concentrated 
in regions of low stress. Fertig et al. [54] compared their simulation results with x-ray 
measurements of the thermomechanical behavior of  the (001) grains in Cu thin films 
and found good agreement with both stresses and strain hardening rates. 
Large-scale 3D DDD simulations of single-crystal films provide a much more 
refined answer to the question, “what stops threads?” than did simulations of 
individual dislocation interactions. In particular, the large-scale simulations 
demonstrate that knowledge of the strengths of dislocation interactions alone is 
insufficient to describe the strength of a film. Stress inhomogeneity was shown to play 
a critical role in determining which interactions would stop threads and where they 
would occur. These simulations have been able to reproduce configurations, stress 
levels, and strain hardening rates observed experimentally. Unfortunately, the 
thickness dependence has not yet been explored—probably due to the computational 
demands involved in running many fully-resolved simulations. While these single-
crystal simulations appear to generate realistic descriptions of dislocation behavior in 
films, perhaps their most important function is that by observing them, one can 
develop concepts for how large numbers of dislocations behave and interact with each 
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other in films upon which analytical models that are simple, but more accurate, can be 
based. The stress fluctuation model suggested by Schwarz [52] and implemented by 
Fertig et al. [54] is one example. 
 
2.4.3.2 Polycrystalline films 
 
A number of simulations of polycrystalline films have been conducted [36-38, 97, 
114] using 3D DDD simulations. These were motivated by the fact that many films are 
polycrystalline and at least in part by analytical and 3D results suggesting that 
dislocation interactions, certainly at least thread-misfit interactions, might not alone be 
able to account for film stresses. These simulations sought to determine how grain 
boundaries affect film strength, the functional form of the relationship between grain 
size and film stresses, and how important dislocation interactions are relative to grain 
boundaries in stopping threads.  
Von Blanckenhagen et al. conducted a series of simulations of polycrystalline 
films using their own code [36]. In their initial models [36], they simulated a single 
grain where the grain boundaries and top (film/passivation) and bottom 
(film/substrate) interfaces were represented by impenetrable walls. Dislocations were 
generated by a Frank-Read source that was repeatedly activated as the applied strain 
was continuously increased, resulting in a dislocation pileup at the grain boundaries 
and interfaces. The effects of source size, grain size, and film thickness were 
investigated. They noted that for Frank-Read source activation, the dislocation loop 
must also squeeze between the pinning points and the grain boundary or interface, thus 
the minimum stress for source activation occurs for a source size of the smaller of d/3 
or h/3. In this study, yielding was assumed to occur if the stress on the lead dislocation 
reached an arbitrarily chosen value 0.057µ. For these conditions, the smaller of either 
the thickness or the grain diameter controlled the flow stress. They showed that the 
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analytical model presented by Friedman and Chrzan [115] accurately predicted film 
stresses for the case when the source size was much smaller than the grain size or film 
thickness. However, as the source size approached the size of the grain or the film 
thickness, the analytical model predicted flow stresses that were too low. As was seen 
in 2D simulations (e.g. [87]) and experiments (e.g. [23]) these simulations showed a 
change in the size dependence of the flow stress. For grains or thicknesses larger than 
some critical size, the flow stress follows a classical Hall-Petch relationship 
( df 1∝σ  or hf 1∝σ ). For grains or thicknesses smaller than this critical size, 
the flow stress varies as d1 or h1 . Von Blanckenhagen et al’s [37, 97] predictions of 
flow stress were much closer to experimentally observed values than those of Freund’s 
analytical model [27] of blocking of a thread by a misfit. 
In a subsequent study Von Blanckenhagen et al. [37] expanded this work to study 
the effect of a distribution of sources within a grain. In these simulations, the grain 
boundaries were still considered impenetrable, but dislocations were allowed to leave 
through the top and bottom interfaces, thus simulating a free-standing polycrystalline 
film. Sources with a range of lengths were seeded at random locations within the 
grain. Having many Frank-Read sources in a grain revealed several interesting results. 
First, similar to the effects of starting thread density in the single crystal simulations, 
von Blanckenhagen et al. found that the more sources they had, the lower the stress 
would be at a given applied strain. This was attributed to the fact that there would be 
more sources favorably oriented for deformation. In this region the flow stress is 
proportional to the inverse of the number of sources. However, a critical source 
density was found, above which additional sources do not contribute to further 
relaxation. This was attributed to the fact that complete relaxation does not require the 
activation of all the sources.  
Von Blanckenhagen et al. [37] compared their simulations to experimental data 
from a microtensile test of a1 µm copper film on polyimide. The simulations appear to 
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capture the early yielding behavior, but the experiments show a wide plateau in stress 
at plastic strains, εpl, higher than ~0.5% that is not produced in the simulations. 
Hardening rates, defined as ∆σ/∆εpl, were calculated at εpl < 0.5% and shown to vary 
with 1/h2, which is consistent with dislocation sources in the volume of the grain. (If 
dislocation sources were from the grain boundaries, the scaling would simply be 
inversely proportional to the film thickness.) The scaling of hardening rates in 
experimental data was shown to lie in between a 1/h and 1/h2 relationship. These 
authors note these simulations can predict the high stresses observed in real films, and 
also yield a 1/h flow stress behavior, thus they conclude that in polycrystalline films, 
the key feature determining film strength is activation of a source, not dislocation 
interactions. If this is true, dislocation interactions may play only a minor role in the 
strength of polycrystalline films.    
Espinosa et al. [38, 114] conducted very similar studies of ‘free-standing’ 
polycrystalline films using PARANOID. In this work, grains with impenetrable 
boundaries, varying thicknesses (200–1000 nm), and constant grain size (200 nm) 
were simulated. Frank-Read sources were randomly located in the boundaries with 
sizes distributed according to a Gaussian distribution. A constant density of sources 
per unit grain boundary area was maintained across these simulations. They observed 
that a grain size-dependent internal length scale set up by the dislocation structure 
became the dominant length scale for thicker films, such that a threshold thickness 
existed above which dislocation behavior and film stress was invariant with thickness. 
This thickness saturation occurred when the thickness was somewhat larger than the 
grain size. 
The simulations of polycrystalline films have successfully provided models for the 
functional form of the flow stress and hardening rates. However, these simulations are 
less satisfying—although potentially no less correct—than the single crystal 
simulations because they depend heavily on two unverified assumptions. First, in all 
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simulations of polycrystalline films to date, grain boundaries have been assumed to be 
impenetrable obstacles. In real materials, however, a dislocation may be stopped by 
boundary, or the boundary can absorb, reflect, transmit, and/or nucleate dislocations 
[30, 31]. Second, the results of these polycrystalline film simulations are heavily 
contingent on the assumption of nucleation of dislocations at Frank-Read sources in 
the interior of a grain. Very little is known quantitatively about dislocation sources in 
films. Furthermore, these “polycrystalline” models simulate relaxation in a single 
grain embedded in a bulk or film where the stresses outside the grain are not relaxed. 
Thus, the effects of dislocations in neighboring grains on the behavior of dislocations 
in the grain of interest are not included. Until nucleation, dislocation-grain boundary 
interactions, and the effects of elastic and plastic behavior of neighboring grains are 
better understood, confidence in the accuracy of polycrystalline film simulations will 
remain elusive. 
 
2.5. Other simulation methods 
 
Two other simulation techniques have been employed for three-dimensional 
simulation of dislocations in thin films: the phase field and level set methods. These 
techniques address the same class of problems that 3D DDD simulations consider, 
namely, dislocation motion in thin films, but they may be better suited for modeling 
particular dislocation behaviors such as climb, cross-slip, or interaction with 
impurities. In the follow subsections, we briefly outline how each method works and 
its particular strengths relative to DDD simulations. 
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2.5.1. Phase field method 
 
Dislocation dynamics in thin films have been simulated using the phase field 
method; an excellent overview of this method and a comparison with discrete 
dislocation dynamics simulations is given in [99]. In this method, the slip due to 
dislocation motion is represented by an eigenstrain. Because slip occurs only on a 
finite number of crystallographic planes there are a finite number of eigenstrain 
tensors, e.g. for slip on primary slip planes in an fcc material, superposition of eight 
different eigenstrain tensors (2 for each slip system) can describe the total eigenstrain 
in the material. Thus, eight tensor fields φα(x) would be used to describe the 
dislocations in an fcc material, where φa is a tensor and x is a position vector. The field 
is evolved according to the Ginzberg-Landau equation 
[ ]
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,        (6) 
where F[φα] is an energy functional of the eigenstrain field; and no sum over repeated 
indices is implied. 
The phase field method offers several advantages over other dislocation simulation 
techniques. The numerical implementation is more straightforward than discrete 
dislocation dynamics simulations because the phase field method requires no 
specialized topological treatment for the dislocation. The method also handles 
anisotropic elasticity much more easily than DDD codes. In addition, the phase field 
method can utilize well-developed numerical tools for solving partial differential 
equations. Finally, the phase field method is ideally suited to simultaneously 
incorporate other microstructural features such as impurities or phase transformations. 
Despite these strengths, phase field methods suffer from spatial resolution limitations. 
Because the equations are solved on a grid over the whole volume, microstructural 
features smaller than the grid spacing cannot be resolved. This means that the details 
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of dislocation-dislocations interactions cannot be accurately modeled without a very 
fine grid spacing ~1nm. This would make large-scale simulations computationally 
unfeasible. Consequently, this method would be unsuitable for any study for which 
details of dislocation interactions are important, such as those described in Sections 
2.4.2 and 2.4.3.  
Wang et al. [116] have used phase field methods to simulate dislocations in 
misfitting epitaxial films. In order to account for the image forces from free surfaces, 
they used an additional evolution equation for what they termed virtual strain. This 
equation was coupled to and simultaneously solved with the evolution of the 
eigenstrain fields described above. After demonstrating quantitative agreement with an 
analytical solution of the stress due to a screw dislocation near a free surface, they 
qualitatively modeled four different thin film dislocation phenomena: propagation of a 
single thread protruding from the substrate into the film; and operation of a Frank-
Read source for a film on an infinite substrate, a thin substrate, and a in a misfitting 
multilayer. In these simulations, a thread was observed to propagate in through the 
film, although comparison to the channeling stress was not made. The simulation also 
captured misfit pileups as the Frank-Read source operated multiple times. In the film 
on an infinite substrate the misfits were driven into the substrate, whereas the misfits 
remained at the interface in films on thin substrates or misfitting multilayers. These 
results showed qualitative agreement for all the modeled phenomena, but quantitative 
comparisons were not made. 
  
2.5.2. Level set method 
 
Recently, an approach based on level set methods has been adapted for dislocation 
dynamics simulations of thin films [75, 117, 118]. This method is used because it 
easier to combine the effects of dislocation climb, cross-slip, and glide and because it 
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doesn’t require explicit discretization of the dislocation [118]. In this method, a 
dislocation is represented as the intersection of the level sets of two three-dimensional 
functions ( ) 0, =txφ  and ( ) 0, =txψ , where x is a three-dimensional vector and t is 
time. The time evolution of these equations must satisfy 
 
0
0
=∇⋅+
=∇⋅+
ψψ
ϕφ
v
v
t
t .         (7) 
Once the dislocation line is calculated, the stresses are computed by FFT of the elastic 
Green’s function. The instantaneous jump in strain at the core of a Volterra dislocation 
is treated by smearing the delta function describing the displacement gradient. The 
velocity v is calculated using a mobility tensor M such that v = Mf, where f is the 
force on the dislocation. In thin films, the half-space elastic Green’s function is used to 
ensure that surface tractions are zero [75, 118]. A simulated film is assumed to be 
periodic in the plane of the film. If a thread intersects a free surface, its sense vector is 
assumed to be normal to the surface at the surface; the creation of surface steps is 
ignored. These simulations showed that level set methods could reasonably model a 
variety of dislocation behaviors in thin films such as cross slip, thread junction 
formation, and thread annihilation. Of these effects, thread junctions were shown to 
present a kinetic barrier to motion of other threads near the junction, possibly 
providing a further mechanism to dislocation pileup. 
Despite the promise of level set methods, particularly in the study of climb and 
cross slip, several limitations on its widespread use remain. First, unlike DD methods 
that discretize dislocations based on dislocation curvature, level set methods utilize a 
numerical grid, which limits the topological configurations that can be described. 
Second, it is not clear that this method can be easily parallelized, a feature that would 
be required for large-scale simulations. The level set method does not model sharp 
corners well, so a corrective velocity term is applied to improve the approximation; it 
is not clear what effect this might have on the simulation results. Finally, visualization 
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of the dislocation line is more difficult than in traditional discrete dislocation 
dynamics methods because not only must the intersection between the two level sets 
be calculated, but interpolation must also be performed on each numerical cell to 
determine the dislocation line 
 
2.6. Summary and discussion 
 
Experimentally, thin films show stresses and strain hardening rates that are higher 
than would be predicted based on bulk scaling laws (Fig. 2.1). Setting aside relaxation 
due to diffusional flow, models and simulations of thin film mechanical behavior have 
focused on constraints on dislocation motion. These include the dimensional constraint 
created by the necessity of creating misfit dislocation line length as a thread moves 
through the channel of the film, interactions of dislocations with other dislocations, 
and interactions of dislocations with grain boundaries (Section 2.1). Analytical models 
(Section 2.2) correctly describe the channeling strain and its dependence on the 
reciprocal film thickness 1/h, but overpredict the strength of dislocation interactions 
because ad hoc dislocation configurations are assumed in such models and are 
inflexible. 2D simulations (Section 2.3) allow computationally efficient study of 
interactions among many dislocations, and can include sources, image stresses, and 
simple impenetrable grain boundaries. 2D simulations have been used to produce a 
model for the experimentally observed 1/h dependence of the flow stress, but 2D 
simulations cannot model the interactions or changes in shape that occur in realistic 
3D dislocation structures. Thus, these results are difficult to interpret. 
For the cost of computational time, 3D DDD simulations (Section 2.4) can be used 
to create models in which dislocations move and interact in a physically reasonable 
way. In thin films, this type of simulation can be quite realistic because the thickness 
constraint limits both the configurations that dislocations can adopt and the number of 
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dislocations that must be modeled in order to obtain an accurate description of 
dislocation structures. Interactions between individual dislocations have been studied 
in detail and two distinct approaches have been developed for large-scale simulations 
of dislocation behavior in thin films following different sets of assumptions about the 
boundary conditions. In one approach, single crystal simulations are performed based 
on the assumption that threads move laterally through a film large distances compared 
with the film thickness (Fig. 2.2). Single crystal simulations follow logically from the 
analytical work to quantify the channeling stress and the strength of blocking 
interactions. These simulations provide detailed and accurate knowledge of how both 
the dislocation structure and the stress field evolve during deformation. In the other 
approach, polycrystal simulations are performed consistent with the observation that, 
in polycrystalline films, the mean grain size is comparable to the film thickness [119] 
so that interactions with boundaries and interfaces dominate. In these simulations, 
channeling never really occurs.  
The results of both approaches have been compared with experimental results and 
have shown good agreement. However, the main value of large scale 3D DDD 
simulations lies not in their ability to generate quantitative agreement with 
experiments. Except in rare cases (e.g. [111]) it is difficult to know experimental 
initial and boundary conditions well enough to generate an accurate simulation. Rather 
the main value of these simulations is the ability to use them to discover the 
phenomena that control deformation in thin films and to use them, in turn, to generate 
simple conceptual or analytical models that can be used to predict film behavior.  
For example, the 3D DDD simulations demonstrated that knowledge of both the 
strength of dislocation interactions and the inhomogeneity in the stress field that 
develops during deformation are necessary to describe the strength of a single crystal 
film. Thread-misfit interactions continue to play a role in stopping threads even when 
the average film stress exceeds the interaction strength because interactions can still 
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occur in low stress regions. The likelihood of thread-thread interactions is greatly 
increased because threads are concentrated in low-stress regions and because the 
regions of low stress dramatically increase the capture cross-section of the thread. This 
understanding leads to the prospect that a complete model for film strength and strain 
hardening may be developed based on stress fluctuations and a range of dislocation 
interaction strengths. Indeed a first step in this direction has been taken [112]. 
Of course, it is always desirable to benchmark the accuracy of modeling and 
simulation results against experiments. At the moment, the connection between 3D 
DDD simulations and film behavior is tenuous at best. In our view, improvements in 
both simulations and experiments in five categories are needed: 
1. Understanding of dislocation sources: Both the single crystal and polycrystal 
simulations depend on ad hoc assumptions to get dislocations into the film. In the 
single crystal simulations a starting configuration of threads or loops is assumed. This 
has relatively little qualitative effect on the outcome for the simulations performed to 
date. However, the polycrystal simulation results depend critically on the fact that a 
particular configuration of Frank-Read sources is selected. To obtain even qualitative 
confidence in these simulations, some knowledge that the assumed source 
configuration is reasonable is needed. The difficulty of modeling dislocation 
nucleation correctly is that very little experimental work exists from which to 
construct an accurate picture. Transmission electron microscopy experiments have 
shown that dislocations can nucleate at grain boundaries [73, 120] and from interfaces 
[73], but knowledge of how to incorporate dislocation sources in thin film simulations 
is not yet available. 
2. Behavior of dislocations at grain boundaries and interfaces: As has been noted 
several times in this review, the DDD simulations conducted thus far have simply 
treated grain boundaries as impenetrable obstacles, ad hoc, whereas experiments [30, 
31] show a wide range of behavior: absorption, absorption and reemission, 
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transmission, and reflection. It is difficult to imagine that the effect of grain 
boundaries can be accurately incorporated before a solution to this problem is found. 
The polycrystal simulations cannot predict film strength because the resistance of a 
grain boundary to penetration by dislocations must be assumed. In addition, it is 
possible for the core of a dislocation to spread out into the interface between the film 
and an amorphous substrate or passivation layer. This behavior has been observed 
experimentally [21, 69, 121, 122], calculated analytically [68], and modeled using 
molecular dynamics simulations [55]. Dislocation dynamics simulations do not yet 
include these effects, although they have been shown to significantly affect the stress 
required for thread motion [67]. Accurate treatment of realistic dislocation behavior at 
grain boundaries and interfaces could be accomplished by systematic atomistic 
simulations that can be used concurrently, or to create a set of rules for use in DDD 
simulations. 
3. More complete dislocation behavior: Most DDD simulations of thin films to 
date handle full Volterra type dislocations that glide on their slip planes. However, real 
dislocations can be dissociated into partials, may cross-slip or climb, or may be jogged 
as a result of dislocation interactions. To incorporate these effects, realistic dislocation 
core treatments must be found. Currently dislocation cores are either treated as 
smeared out (e.g. [100, 104]) or a cutoff radius is assumed, as in the case of 
PARANOID. The form of the core may have an impact on the types of interactions 
seen, particularly if the core is dissociated into compact partial dislocations (e.g. [94, 
123]). The effect of the treatment of the dislocation core on dislocation behaviors such 
as climb, cross-slip, and junction formation remain to be examined, and could 
substantially change the configuration of a dislocation during an interaction or the 
evolution of a dislocation structure in time.  
4. Image forces: To date, calculations of image forces in large-scale 3D DDD 
simulations have been avoided due to the computational demands. This is typically 
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done by selecting a symmetric passivated or unpassivated planar thin film geometry 
where such effects can be ignored [105]. However, in order to simulate films and 
structures with more realistic and interesting geometries, image force calculations will 
have to be included. 
5. Inhomogeneous/anisotropic materials: In real materials, inhomogeneous 
structures are common, for example polycrystalline films oftern have mixed texture 
and therefore are composed of grains with different biaxial moduli due to elastic 
anisotropy. This leads to inhomogeneous stress states due to strain transfer from grain 
to grain [124]. Transmission electron microscopy work has shown that stresses near 
the grain boundary may indeed be different [125] than the grain interior. Incorporating 
these effects will almost certainly require coupling DDD simulations to a finite 
element model. 
Incorporating all of these features will likely require a combination of a great deal 
of experimental work, particularly direct observations of dislocation behaviors, but 
also production and characterization of samples with well-known configurations and 
boundary conditions that can be directly compared with simulations. It will also 
benefit from the application of true multi-scale modeling in which appropriate parts of 
the problem are simultaneously handled using finite element or atomistic methods. 
Regardless of the extent to which these tools are made available, there is a wide 
range of topics that would benefit from study using dislocation dynamics simulations. 
To date there are still not conclusive mechanistic explanations for either the thickness 
dependence or the grain size dependence of strength and strain hardening in films. 
Simulations that cover the range of strains, microstructures, and interfacial conditions 
seen in real thin film samples have not yet been reported. 
Despite the challenges that remain for DDD simulations, the future looks bright. 
As a “virtual laboratory” in which to examine specific dislocation behaviors, these 
simulations are excellent tools. Continuing increase in computational resources means 
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that large-scale simulations will become more feasible. And increasing advances in 
experimental techniques should enable collection of more data for comparison to 
simulations for further simulation refinement. 
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ABSTRACT – The dislocation interactions that stop threading dislocations (threads) 
during relaxation at increasing applied strains in single-crystal thin films are 
investigated using large-scale three-dimensional dislocation dynamics simulations. 
Threads were observed to stop via interactions with both threads and misfits. Both 
types of interactions were shown to be contingent on stress inhomogeneity in the film. 
Low stress regions in the film enabled threads to stop in weak thread-misfit 
interactions even at high average film stresses. Threads were concentrated in low 
stress regions, which facilitated their interaction with other threads. Threads were 
shown to accumulate in thread-thread interactions, and stop only temporarily in 
thread-misfit interactions. The mean free path for dislocation motion, a key factor in 
determining film strength and strain hardening, is shown to be well-predicted from 
details of the inhomogeneous stress state arising from the applied strain and the misfit 
structure. The behaviors of these threads are analyzed to present a more complete 
picture of film relaxation. 
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3.1 Introduction 
 
Crystalline thin films on substrates are used in a wide variety of applications [1] 
including semiconductor devices, biomedical components, fuel cells, solar cells, and 
wear-resistant coatings. While the primary function of such films is often electrical or 
chemical, thin films often support stresses that can be an order of magnitude greater 
than could be supported by the corresponding bulk material [1-9]. These high stresses 
can lead to film failures [10, 11] in the form of fracture, delamination, creep, or void 
or hillock formation. Consequently, the mechanical behavior of thin films on 
substrates has been the subject of much study. 
High stresses can only occur when plastic deformation is limited. If the grain size 
is large enough compared with the film thickness, as in epitaxial semiconductor or 
annealed metal films, plastic deformation occurs by the motion of threading 
dislocations, or “threads,” that extend through the thickness as shown in Figure 3.1. In 
this case, high strength requires preventing thread motion, and understanding the 
strength of such films can be reduced to understanding what stops threads.  
This problem has received much attention. In a homogeneous film, threads can be 
stopped by a thickness constraint, other dislocations, or grain boundaries. The 
thickness constraint is well-known [2, 12-16]. For a thread to move (Fig. 3.1), it must 
lay down misfit dislocations, or “misfits,” at film/substrate and film/passivation 
interfaces; which is energetically favorable only if the strain energy relaxed by the 
moving thread is sufficient to create the misfits. This leads to a critical stress (or 
strain) for dislocation motion, referred to here as the channeling stress (σch) (or strain 
(εch)) [17], which is proportional to the inverse of the film thickness [2, 12-16]. While 
the thickness constraint provides a lower limit on strength, it accounts for only a 
fraction of the scale dependent stresses in thin films [5, 18]. Grain boundaries are 
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Figure 3.1.  Stress relaxation in thin films occurs by motion of threading 
dislocations (threads), which extend through the film thickness. At applied strains 
greater than the channeling strain εch, the thread advances, leaving misfit dislocations 
(misfits) at the interfaces. 
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expected to play a role in stopping dislocations in a polycrystalline film. This has been 
described elsewhere [19, 20] and will not be considered here. The present results apply 
strictly to single crystal films. 
In the present work, we focus on the contributions of dislocation interactions to 
film strength. A moving thread may be stopped by interactions with other threads and 
misfits. The strength of each interaction is defined as the minimum remotely-applied 
biaxial stress required to cause the thread to break free of the interaction and continue 
moving through the film. Thus, a thread subject to a stress higher than σch will move 
until it encounters an interaction strong enough to stop it, and, once stopped, will not 
move again until the local stress is raised above the interaction strength. 
Initial efforts to understand how dislocation interactions contribute to film strength 
focused on the strength of dislocation interactions. We have reviewed these efforts 
elsewhere [9]. Several efforts have been made to determine the strength of “pairwise” 
interactions between the thread from one dislocation half-loop and the thread or the 
misfits from another. Both analytical calculations [16, 21] and more accurate discrete 
dislocation dynamics (DDD) simulations [22-25] showed that thread-misfit (TM) 
interactions are weak, with maximum strengths less than about 1.3σch [22-25], much 
less than the observed strengths of films. However DDD simulations also showed that 
certain thread-thread (TT) interactions can be quite strong—more than an order of 
magnitude stronger than the strongest TM interactions [25] and much stronger than 
typical film stresses. But it is not clear from these studies how the overall film strength 
is determined from a distribution of interaction strengths. 
Recently, much more detail has been obtained using DDD simulations to examine 
the behavior of ensembles of many dislocations in single-crystal films [26-29]. 
Schwarz conducted simulations [26] in which initial configurations of loops were 
allowed to run in response to a fixed applied strain. All of the predicted interactions 
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[22] were observed, with a significant fraction of threads annihilated or “immobilized” 
in strong interactions. The remaining threads became trapped in local stress 
fluctuations, providing a qualitative account of how threads are stopped. Schwarz [26] 
also noted that the amount of stress relaxation increased with increasing initial thread 
density. Other similar simulations [27, 28] showed that dislocation interactions can 
account for the relaxed stresses observed in heteroepitaxial strained semiconductors. 
Pant et al. simulated loading and unloading in thin Cu films as a series of stepwise 
relaxations [25]. They found stress levels and strain hardening rates that agreed closely 
with experimental data from Cu films; searched for, but did not find, more complex 
interactions (Lomer-locks were observed but did not appear to play a significant role 
in film strength); and characterized the stress fields as a function of dislocation 
density, showing that threads were indeed stopped in regions of low stress. Overall, 
the DDD results [22-28] show quantitatively that dislocation interactions alone can 
account for the stress levels in films and illustrate qualitatively many of the key 
features that determine dislocation behavior and strength in thin films. However, they 
have not shown how these factors interact to determine film strength.  
Here, we present results of a study in which we used three-dimensional DDD 
simulations similar to those reported previously [19-25] to determine how strength of 
interactions and dislocation motion conspire to determine strength of thin films. A key 
insight in this work is that, since the strain in a film on a substrate arises from the 
constraint of the substrate, deformation takes place under strain control. The stress is 
determined by the amount of plastic relaxation, which is in turn determined by the 
number of mobile dislocations and the distance that each one moves. This can be 
thought of in terms of the canonical description of plastic strain,  
 εp ∝ ρMbx , (3.1) 
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where ρΜ is the density of mobile dislocations, b the Burgers vector, and x  the 
average distance that a dislocation travels. In this case, the interaction strengths 
determine ρΜ and the dislocation structure and applied stress determine x . 
Similar to Pant et al. [25], we model loading of a film as a series of stepwise 
relaxations. We quantify the dislocation interactions responsible for stopping threads 
as well as the stress field at each strain level. We show how the types of interactions 
stopping threads and the inhomogeneity of the stress field evolve in a coupled way 
with increasing plastic strain. The inhomogeneity of the stress field plays a critical role 
in film strength by permitting weak TM interactions to stop threads even when the 
average film stress exceeds their interaction strengths, and by facilitating strong TT 
interactions by concentrating threads in regions of low stress. These mechanisms 
determine the “mean free path” that a dislocation can travel before becoming trapped 
in a dislocation interaction. These concepts provide the first steps towards a predictive 
model of film strength based on dislocation interactions. 
 
3.2. Discrete dislocation dynamics simulations 
 
The three-dimensional discrete dislocation dynamics program PARANOID  [30, 
31] was used for our simulations. In this code, dislocations are discretized into 
tracking points connected by straight line segments. The glide force on each tracking 
point is calculated by summing the applied stress, the stresses due to other 
dislocations, and the self-stress of the dislocation due to curvature [30]. The self-stress 
is calculated using a modified Brown splitting procedure, which ensures convergent 
results for arbitrarily small dislocation segments. This allows regions of a dislocation 
with high curvature or close proximity to other dislocations to be finely discretized at 
each time step to accurately model the behavior. At every time step, each dislocation 
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tracking point is moved a distance corresponding to a velocity that is proportional to 
the glide force, and the dislocation is then rediscretized. 
An infinite, 200 nm thick, fcc, single-crystal film with (001) planes parallel to the 
film plane was simulated using a periodic unit cell with in-plane dimensions of 4 µm × 
4 µm. Figure 3.2 shows a section of the simulated film in plan view with a shaded 
periodic unit cell in the center. The dashed lines represent the intersection of selected 
slip planes with the film surface. In the simulation, a dislocation that exits the periodic 
unit cell at point A re-enters at point B on the other side, corresponding to a 
dislocation entering from the neighboring cell. To minimize the effects of the periodic 
boundary conditions, slip plane traces were rotated 5.7º with respect to the cell 
boundaries, forcing the minimum spacing between the misfits generated by a thread 
that traverses a unit cell more than once to be about 400 nm.  
The film was modeled as a thin layer in an infinite solid with boundaries that are 
impenetrable to dislocations at the top and bottom of the film. This configuration 
approximates a passivated film on a substrate, where both passivation and substrate 
have the same elastic properties as the film. Isotropic material properties of copper 
were used with shear modulus µ = 42.3 GPa, Poisson ratio ν = 0.3, and Burgers vector 
b = 0.255 nm. Using these values, the channeling strain and stress in the simulation 
were found to be εch = 1.55 x 10-3 and σch = 178.4 MPa, respectively. These are in 
excellent agreement with values obtained from equations presented by Freund [15] for 
a passivated 200 nm thick (001) Cu film using b/2 as the dislocation core cutoff 
radius. 
Initially, the periodic unit cell was seeded with 70 randomly-located dislocation 
glide loops, which supplied 140 threads. Each loop was randomly assigned to one of 
the eight primary slip systems that can relax a biaxial strain in a (001) film. An equal 
biaxial strain was applied to this configuration, beginning with 1.3εch, and was 
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Figure 3.2.  Plan view of the simulated film showing the periodic unit cell repeated 
9 times. A dislocation leaving the shaded cell at point A re-enters the shaded cell at 
point B. 
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increased incrementally in steps of 0.5εch to 3.3εch. After each strain increment, some 
threads in the film moved. The strain was held constant at each strain level until every 
thread stopped moving. The resulting configuration was thus a relaxed configuration. 
The relaxed configurations were analyzed to determine the types of dislocation 
interactions that stopped each thread. Film stresses were calculated for each relaxed 
configuration. The stresses were calculated at the film midplane on points of a 125 × 
125 element grid, which corresponds to a point spacing of 32 nm. 
To quantitatively study the types of interactions that stop threads, we defined 
several categories of dislocation interactions. Figure 3.3 shows segments of a 
simulation cell showing examples of these different types of interactions. Following 
Pant et al. [25], interactions were divided into thread-thread (TT) and thread-misfit 
(TM) interactions.  Each category was further subdivided into annihilating and non-
annihilating interactions. A thread-thread annihilation (TTA) interaction occurs when 
two threads on intersecting glide planes with opposite Burgers vectors come together 
and annihilate, removing both threads from the system. The dashed line in Fig. 3.3a 
shows the intersection of two slip planes where two threads annihilated in a TTA 
interaction. TTA interactions have unlimited interaction strength because the involved 
threads obviously cannot continue moving.  
We define a non-annihilating thread-thread (NATT) interaction as the case where 
two threads stop within one-half of the film thickness of each other, as measured at the 
midplane of the film. This interaction is either a junction between threads on 
intersecting slip planes, an interaction between threads on nonparallel slip planes but 
with parallel misfits, or a dipole formed by threads on parallel slip planes. Fig. 3.3a 
shows a NATT junction that occurred along the intersection of slip planes. The 
strength of a NATT interaction depends on the Burgers vectors of the threads 
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Figure 3.3.  Examples of dislocation interactions from the simulation. a) The thick 
solid line shows a NATT interaction, and the dashed line a TTA interaction along the 
intersections of slip planes. The junction between a thread and misfit is an example of 
a NATM interaction. b) A TMA interaction creates a thread that exists on two different 
slip planes. 
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involved. For (111) films, some have been shown to be an order of magnitude stronger 
than any TM interaction [25], significantly higher than observed film stresses. 
Thread-misfit interactions are similarly divided. The thread-misfit annihilation 
(TMA) interaction, illustrated in Fig. 3.3b, is one of the strongest TM interactions, 
with an interaction strength of about 1.2σch for 800 nm thick films [25]. This 
interaction is described in greater detail elsewhere [25, 32]. Briefly, it occurs when a 
portion of a misfit moves away from the interface to align and annihilate with part of 
an approaching thread. In (001) films, one of the misfits left behind by the thread joins 
with the crossing misfit to form a right angle due to their perpendicular slip traces. The 
other misfit left behind by the thread then connects to the remaining part of the 
crossing misfit, creating a thread that exists on two different slip planes and can move 
on either, given an appropriate stress.  
The non-annihilating thread-misfit (NATM) interactions consist of the remainder 
of interactions not classified into any previous categories, with strengths ranging from 
1.0σch to 1.2σch for 800 nm films [25]. One type of NATM interaction is shown in Fig. 
3.3a.  
 
3.3. Results and Analysis 
 
In this section, we first present the dislocation configurations, average film stress, 
and dislocation densities from the simulations. We then detail the types of interactions 
that stopped threads at each of the applied strain levels. Next, we examine the 
inhomogeneous nature of the film stress and the manner in which it evolved with 
increasing plastic strain. Finally, we correlate the inhomogeneous stresses with the 
dislocation interactions. 
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3.3.1. General results 
 
Following each strain increment, threading dislocations moved through the film, 
laying down misfit dislocations that relaxed the applied strain. Threads moved until 
they either encountered an interaction that was strong enough to stop them or the 
stress was relaxed below σch. Plan views of the relaxed structures at applied strains of 
1.3, 1.8 and 3.3 εch, are shown in Figures 3.4a, b, and c, respectively. Figure 3.4d 
shows a side view of the same structures, with the thickness direction stretched for 
better viewing. The different colors correspond to different Burgers vectors. Examples 
of TM and TT interactions are highlighted by squares and circles, respectively. In Fig. 
3.4a, the leftmost square encloses a TMA interaction and the right square a NATM 
interaction. Both circles enclose NATT interactions, with the top circle showing a 
junction and the bottom circle a dipole. Consistent with the idea of a range of 
interaction strengths, some threads never moved out of their initial interactions even 
after subsequent increments in strain. Other threads broke free from their interaction at 
every strain increment. For example, the threads involved in the TT interaction circled 
at the top of Figures 3.4a, b, and c remained in this interaction throughout all loading 
increments, whereas the thread dipole highlighted by the lower circle did not remain 
past the first increment. None of the boxed TM interactions remained for even one 
subsequent loading increment. 
As an initial approach to understanding how the dislocation structures shown in 
Fig. 3.4 are related to film strength, it is instructive to compare these with the average 
stresses in the film as might be measured in an x-ray [33] or substrate curvature [7] 
experiment. Figure 3.5 shows the average biaxial stress (circles) and dislocation 
density (diamonds) calculated for each of the relaxed dislocation structures. The 
stresses and strains are normalized by the channeling stress and strain, respectively. 
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Figure 3.4.  Equilibrium dislocation structures with circles highlighting TT 
interactions and squares highlighting TM interactions after loading to a) 1.3εch, b) 
1.8εch, and c) 3.3εch. d) Side views of these configurations. 
. 
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Figure 3.5.  Average biaxial film stress, <σbiax>, as a function of applied strain, ε, 
normalized to the channeling stress and strain, respectively. Filled circles depict 
simulation results. Open squares show stresses obtained from synchrotron X-ray 
diffraction data for the (001) texture component in a 500 nm passivated 
polycrystalline Cu film [34]. Note the agreement between both absolute stresses and 
strain hardening rates. Dislocation density in each relaxed configuration from the 
simulations is also shown (open diamonds). 
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For comparison, normalized stresses obtained from synchrotron x-ray diffraction 
measurements of (001) grains in a 500 nm thick passivated polycrystalline Cu film are 
also shown (squares) [34]. The average film stresses for both the simulation and the 
real film are observed to exceed the maximum strength of a TM interaction of 
1.3σchby a considerable margin. The relaxed stress from the simulations varies linearly 
with the applied strain with a slope of 0.34Y, where Y is the biaxial modulus [2]. The 
stress strain relationship for the experimental data is also linear, with a slope of 0.47Y. 
The dislocation density from the simulations also varies linearly with the applied 
strain. The maximum dislocation density of about 3 × 1014 m-2 at 3.3εch is more than 
an order of magnitude greater than the starting density of 2.7 × 1013 m-2 and is due 
entirely to an increase in misfit density, since no new threads were nucleated. The 
smooth increase in dislocation density is somewhat surprising given the highly 
irregular misfit structure shown in Fig. 3.4(a-c).
It is easy to see from Figures 4 and 5 that the strength of a film cannot be simply 
related to the strength of dislocation interactions. In particular, despite the fact that the 
average biaxial stress (Fig. 3.5) during the final three loading increments exceeded the 
strength of any TM interaction, TM interactions were observed to stop threads at even 
the highest level of applied strain. In fact, all types of interactions were observed 
stopping threads in the relaxed structures at all applied strain levels. This raises the 
question: why are threads stopped by TM interactions when the average film stress 
exceeds their interaction strengths? To answer this question, we need a better 
understanding of both the types of interactions that stop threads and the stress state at 
each strain step. 
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3.3.2. Dislocation interactions 
 
We first look at the types of interactions that stopped threads at each strain step. 
Because not all threads moved during every strain increment, we differentiate between 
the threads that moved during a particular load increment, which we call mobile 
threads, from those that did not, which we call static threads. For example, at 1.3εch, 
all 140 threads moved some distance because none were involved in interactions 
before the application of strain. Thus all threads were mobile during the 1.3εch. They 
stopped moving due to the interactions shown in Fig. 3.4a. The increment in strain to 
1.8εch caused 85 of these threads to break free from the interaction that had stopped 
them at 1.3εch. The 85 threads that moved were termed mobile threads for the 1.8εch 
strain increment. The 55 threads that did not move during that strain increment were 
termed static threads for the 1.8εch strain increment. Each thread was evaluated to 
determine if it was mobile or static during each strain interval. 
Figure 3.6 shows the fraction of the initial 140 threads that were static during each 
load increment and the types of interactions that made the threads static. (Because 
there were no static threads at 1.3εch, this increment is not plotted.) The data show that 
threads tend to accumulate in the stronger TT interactions and, once in these 
interactions, do not easily break free. Thus, the number of static threads increases with 
increasing strain and these threads are static almost entirely because of TT 
interactions. (The apparent decrease at >3.3εch  appears because no further increment 
was simulated to determine which of the interactions besides TTA interactions were 
static.) TM interactions play only a small role in making threads static. TT interactions 
thus act to permanently reduce the density of mobile threads. Figure 3.7 shows the 
number of mobile threads during each strain increment. At a strain of 3.3εch, the 
number of mobile threads was reduced by nearly 65%. Of course, the number of  
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Figure 3.6.  Fraction of total threads (140) made static by each interaction type at 
each equilibrium configuration.  Strong TT interactions hold threads, preventing them 
from participating in further relaxation at higher strains. 
. 
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Figure 3.7.  Number of mobile threads at each applied strain level and the average 
number of misfits crossed by a thread during each load increment. The number of 
mobile threads constantly decreases due to thread annihilation and other strong 
interactions, which prevent threads from moving under subsequent strain increments. 
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Figure 3.8.  Fraction of each interaction type stopping mobile threads at each load 
increment. 
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threads held “static” by TTA interactions always increases because an annihilated 
thread no longer exists and clearly can never move again. This can be qualitatively 
observed in Figure 3.4d where fewer threads are observed at 3.3εch than at 1.3εch. Fig. 
3.7 also shows that as the misfit density increases and the number of mobile threads 
decreases with increasing applied strain, each mobile thread crosses more and more 
misfit dipoles before stopping. 
Corresponding to Figure 3.7, Figure 3.8 shows the fraction of mobile threads 
stopped by each interaction type after each strain increment. The dominant 
interactions that stopped mobile threads were more varied than the interactions 
holding threads static. In contrast to the interactions holding threads static, which were 
primarily TT interactions, these data indicate that both TM and TT interactions play an 
important role in stopping mobile threads at all strain levels.  
Two counterintuitive results emerge from the data shown in Fig. 3.8. First, at low 
film stress (relaxed stresses less than 1.3σch—applies to films loaded to 1.3 and 1.8εch, 
see Fig. 3.5), one might expect TM interactions to stop the majority of mobile threads 
since their interaction strengths are sufficient to do so and each thread crosses several 
misfits; see Fig’s 4a, 4b, and 7. Instead TT interactions are dominant. This was 
primarily because weak thread-thread dipoles and weak junctions were able to form at 
low strain. These dipoles and weak junctions did not play significant roles in stopping 
threads after the first strain increment. The second counterintuitive result is the 
presence of TM interactions at high strain. Not only do TM interactions exist when the 
average film stress exceeds their interaction strengths, as mentioned above, but they 
are the dominant interaction stopping mobile threads at these strain levels. On average, 
threads were observed to cross many misfit dipoles (~30) before being stopped (Fig. 
3.7). This suggests that the controlling factor in stopping threads was the local stress 
landscape, not the mere existence of a misfit dipole. 
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3.3.3. Stress inhomogeneity 
 
We now look more carefully at local film stresses to highlight the link between 
stress inhomogeneities and dislocation interactions. Figure 3.9a shows the local 
resolved shear stress on the ( )[ ]110111  slip system at the film midplane in the relaxed 
structure at 3.3εch. The irregular misfit structure gives rise to strongly inhomogeneous 
stresses, ranging from about 0.4 to 3.0τch, where τch is the channeling stress resolved 
onto an active slip system. Figure 3.9b shows distributions of the resolved shear stress 
averaged over the active slip systems in the relaxed configurations. These data show 
that even at the highest applied strain (3.3εch) there are still local regions in the film 
with stresses below the strength of a TM interaction. The data also show that the stress 
distribution becomes normally distributed and that the standard deviation increases 
with increasing applied strain. These results demonstrate that the stress felt by any 
single thread is not described well by the average film stress. Consequently, to 
understand film relaxation, we must understand the relationship between local stress 
fluctuations and dislocation interactions. 
The correlation between local stresses and interaction locations is illustrated in 
Figure 3.10a, which shows the radial-averaged resolved shear stress landscape around 
a thread, averaged over all threads, as a function of radial distance from the thread. 
The values plotted in Fig. 3.10a represent the deviation from the mean resolved shear 
stress, normalized by the standard deviation. Threads stopped in regions where the 
stress was about one standard deviation lower than the average film stress at all 
applied strains. To determine differences between TM and TT interactions, we 
examined each separately. Figures 10b and 10c show resolved shear stresses 
normalized by the standard deviation for threads stopped in TT interactions and those 
stopped in TM interactions, respectively. The threads stopped by TM interactions are 
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Figure 3.9.  a) Average biaxial stress calculated at the midplane of the film at an 
applied strain of 3.3εch. b) Probability distribution of resolved shear stresses averaged 
over the active slip systems in the relaxed configurations. 
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Figure 3.10. Average resolved shear stresses around a thread as a function of radial 
distance from the thread for a) all threads (deviation from mean, normalized by 
standard deviation), b) TT interactions, and c) TM interactions. 
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stopped at local stresses less than the greatest TM interaction strength of 1.3σch. Thus, 
even if the average film stress is higher than the TM interaction strength, a thread may 
still be stopped by a TM interaction in a region of low stress. The threads in TT 
interactions are also stopped in regions of lower stress, although, consistent with the 
higher interaction strengths of these interactions, the average stresses around a thread 
in a TT interaction are higher than those around one in a TM interaction. However, TT 
interactions are strong enough to stop threads regardless of where they occur. So why 
do they occur in regions of low stress? The prevalence of TT interactions in low stress 
regions suggests that threads are being concentrated by stress fluctuations. The 
likelihood of TT interactions is higher in these regions because the local thread density 
is greater there, a result which was recently verified using cellular automata 
simulations [35]. Thus, stress inhomogeneity in the film facilitates not only TM 
interactions, but also TT interactions. 
 
3.4. Discussion 
 
The simulations presented above suggest that the strength of a ductile single 
crystal film is determined not only by the strengths of dislocation interactions, but also 
by the spatially inhomogeneous stress field that develops as the misfit dislocation 
structure evolves. Given the range of dislocation interaction strengths, the 
inhomogeneous stress field plays a significant role in determining both the number of 
mobile dislocations and the distance that each one travels. Weak TM interactions (σch 
< σTM < 1.3σch) and strong TT interactions (σfilm < σTT) are found to play distinct 
roles. Stress fluctuations allow TM interactions to stop threads even when average 
film stresses exceed TM interaction strengths, and provide an upper bound to the 
distance that a dislocation can travel between regions of low stress. In addition, stress 
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fluctuations increase the likelihood of strong TT interactions by concentrating threads 
in regions of low stress. These interactions can permanently prevent the involved 
threads from being mobile at higher stresses and thus control the mobile dislocation 
density. In other words, the inhomogeneities in the stress field influence both the 
mobile dislocation density, ρM, and the average distance that dislocations can 
travel, x , in Equation 3.1. 
These observations suggest that it is possible to develop new models of film 
strength by considering both the strength of thread-stopping interactions and the 
inhomogeneity in the stress field. In the following sections we take the first steps 
towards such a model by using the simulation data to describe the distance that 
dislocations travel before being stopped at various load steps. We also consider the 
sensitivity of the results to the simulation parameters and the application of this type 
of model to real films. 
 
3.4.1. Emerging picture of thin film relaxation and strain hardening 
 
During relaxation, a thread will move to relax the film stress if the resolved shear 
stress on the thread exceeds both the channeling stress and the strength of any 
interaction that is currently stopping it. As the thread moves, the misfit dislocation 
structure evolves, relaxing the average film stress and giving rise to an aperiodic, 
spatially inhomogeneous stress field. When a mobile thread is involved in either a TT 
or TM interaction, it will stop if the interaction occurs in a local region of stress lower 
than the strength of the interaction.  
To understand the strength of films, it is necessary to understand how far mobile 
threads travel before becoming immobilized in TM or TT interactions. Our 
simulations showed that during a particular relaxation step, mobile threads stopped 
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preferentially in regions of low stress (Fig. 3.10). However, a fundamental distinction 
exists between “strong” TT interactions and TM interactions. We define strong TT 
interactions as those with interaction strengths that are greater than the stress in the 
film. Although, TT interactions range in strength from σch to ∞, weak NATT 
interactions (weak junctions and thread dipoles) were significant only during the first 
relaxation step (1.3 εch). During this step, the dislocation structure was artificial, with 
140 initial threads and no deposited misfits, permitting an unrealistically large number 
of weak NATT interactions to occur. During the rest of the simulations these weak 
NATT interactions do not play a significant role and we neglect them.  
By definition, strong TT interactions do not require a low stress region. In 
contrast, TM interactions can occur only in regions where the stress is below about 
1.3σch. Thus, the factors controlling the distance that a thread travels before being 
stopped in a TM interaction are expected to be different from those controlling the 
distance that a thread travels before stopping in a TT interaction. The distance that a 
thread travels before stopping in a TM interaction will be directly dependent on the 
average film stress and magnitude of the stress fluctuations. In contrast, the distance 
traveled by a thread before stopping in a TT interaction will depend on these quantities 
only implicitly, through their effect on the probability that a TT interaction will form. 
 
3.4.1.1. Thread-Misfit interactions and dislocation mean free path 
 
The distance that a thread can travel before being stopped in a TM interaction must 
be related to the spacing of the low stress regions in the film. This is illustrated in Fig. 
3.11, which shows the local resolved shear stress on an active { } 101111  slip system 
along a straight line through the center of the film at the midplane at an applied strain 
of 3.3εch. The dashed line is the average biaxial film stress, and the shaded area 
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Figure 3.11.  Stress fluctuation schematic. A dislocation may move when it is in a 
region of where the stress is above the shaded line. 
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represents the range of TM interaction strengths. A thread moving through the field 
cannot be stopped by a TM interaction unless the interaction occurs where the local 
stress is within this shaded region. Thus, the average distance that a thread travels 
before stopping in a TM interaction is related to the length of a mean free path λ in 
which the stress is always greater than the TM interaction strength. Because the film 
stress is relaxed by a misfit dipole, the likelihood of a misfit lying in the region of low 
stress is quite high. If we assume that an appropriate misfit exists wherever the stress 
dips below the interaction strength, then a thread would not be able to pass though any 
such region. The average distance d that a thread is expected to travel during the 
relaxation step before stopping at a TM interaction is then 2λ=d . Because the 
thread may also be stopped by TT interactions before traveling this distance, d 
represents the upper limit of the average distance that a thread will travel before 
stopping. (Note that the mean free path defined in this manner is only pertinent to 
stopping by TM interactions.) 
The average mean free path, d = λ/2, was calculated from the stress distributions 
determined from the simulations, such as the one shown in Fig. 3.11, and was 
compared to the actual mean distance dm traveled by threads in the DDD simulations 
during each relaxation step (Table 3.1). Because the stress field is continuously 
changing during relaxation at each strain step, the mean free path continuously 
changes as well. However, upper and lower bounds can be determined. The upper 
bound on the mean free path was calculated immediately after the strain increment but 
before any dislocations started moving, using the lowest TM interaction strength of 
τch. The lower bound was calculated after dislocation motion had stopped, at the end 
of the strain increment, assuming the highest TM interaction strength of 1.3τch. A 
rough estimate of the predicted average distance that a thread would travel during each 
relaxation step was obtained by averaging the upper and lower bounds. In Figure 3.12, 
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we compare this predicted average distance (dashed curve) with the actual distances 
from our simulations (squares). The solid curves represent the upper and lower 
bounds. We observe that our stress fluctuation model correctly bounds the distance 
traveled, and that the average of the bounds is in good agreement with the actual 
distance traveled. This is consistent with the idea that the stress inhomogeneity and 
TM interactions determine an upper bound on the average distance that a thread 
travels. Note that this is an upper bound because TT interactions also occur. Thus, the 
actual distance dislocations travel could be shorter. Since d describes the mean 
freepath well, this indicates that the threads stopped by TT interactions must travel 
roughly the same distance as those stopped by TM interactions. However, this is not a 
general result because the distance that a thread travels before stopping in a TT 
interaction depends on thread density [26], e.g. our choice of starting thread density. 
We wish to develop an analytical model for d in terms of the stress distribution in 
the film We note that, as illustrated in Fig. 3.11, the level of the interaction strength 
τTM relative to the stress distribution is an important quantity for determining the 
distance that a thread travels before stopping in a TM interaction. We characterize this 
as using the difference between τTM and a measure of the bottom of the stress 
distribution. A measure of the stress level in the low stress regions may be estimated 
simply as ( )ττ ˆ− , where τˆ  is the standard deviation of the resolved shear stress on a 
particular slip plane and τ  is the mean resolved shear stress. The choice of this 
measure is motivated by Fig. 3.10, which shows stresses at interacting threads of about 
( )ττ ˆ− . Thus, we propose, as a term to quantify the effect of stress inhomogeneity on 
TM interactions:  
 ( )
ch
TM
diff τ
ττττ ˆ−−=  , (3.2) 
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Table 3.1.  Average distance dm traveled by each thread during a particular 
applied strain increment and the misfit spacing s at the end of the increment. 
 
Applied strain <dm> (nm) <s> (nm) 
1.3 389 426 
1.8 1129 185 
2.3 1652 115 
2.8 1631 88 
3.3 2080 68 
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Figure 3.12.  Comparison of fluctuation model with simulation data. Average 
distance traveled by a thread shown by stars. Bounds based on TM interaction 
strengths shown by squares and circles. 
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where, for convenience in comparing stress inhomogeneity across different film 
thicknesses or orientations, we normalized by the channeling stress. As τdiff decreases, 
the distance that threads travel before being stopped in a TM interaction increases.  
Thus, we have identified four terms that are important to determining dislocation 
behavior in films: mean stress, standard deviation of stress, channeling stress, and the 
strengths of TM interactions. To determine the relationship between these terms and 
the mean free path that a thread will travel before interacting with a misfit, we used the 
stress states in the equilibrium configurations of the DD simulation. The average travel 
distance, d, predicted by the mean free path in each of the equilibrium stress fields was 
calculated as described above and plotted as a function of τdiff. The results are shown 
in Figure 3.13. We observe that the curves in Fig. 3.13 all follow the form 
 d = C exp −η τTM − τ − ˆ τ( )τch
⎛ 
⎝ ⎜ 
⎞ 
⎠ ⎟ 
⎡ 
⎣ ⎢ 
⎤ 
⎦ ⎥ , (3.3) 
where C and η are constants. For this film, C ~ 200 nm and η ~ 4. These data confirm 
that for a given dislocation structure, the average distance traveled by a thread is 
related to mean stress, standard deviation of stress, channeling stress, and the strength 
of a thread-misfit interaction. 
  
3.4.1.2. Thread-Thread interactions 
 
Stress inhomogeneity, as measured by the standard deviation of stress, affects TM 
interactions and TT interactions differently. In our simulations, the primary role that 
TT interactions play is in controlling the number of mobile threads in subsequent 
steps. As such, they play a pivotal role in the incremental loading of a film. Two 
parameters are important for understanding TT interactions: mobile thread density and  
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Figure 3.13.  Average distance traveled by a thread as predicted by the mean free 
path as a function of a measure of the resolved shear stress in a low stress region of 
the film ( )
chτ
τττ ˆ−− . The curves correspond to equilibrium dislocation structures at 
the simulated applied strains. 
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interaction radius. In this section we outline the effects of these parameters on TT 
interactions and how they are influenced by stress inhomogeneity. 
The role of mobile thread density in TT interactions is straightforward—larger 
mobile thread densities mean more TT interactions. We have shown elsewhere that the 
fraction of threads in TT interactions is proportional to the number of mobile threads 
N, and the number of TT interactions is proportional to N2 [36]. Our results also 
showed that TT interactions, like TM interactions, occurred preferentially in regions of 
low stress. However, while low stress for TM interactions is sharply defined by TM 
interaction strength, low stress for TT interactions requires only that stresses are low 
relative to other stresses in the film. TT interactions occur in regions of low stress 
because threads move with a velocity proportional to the stress applied to them. They 
move quickly through regions of high stress and slowly through regions of low stress, 
thus spending more time in low stress regions, making the thread density higher in low 
stress regions than in high stress regions, and making TT interactions in regions of low 
stress more likely [35, 36]. Looking only at the effects of thread concentration, the 
likelihood of TT interaction increases with increasing 
chττ
τ
−
ˆ
[36]. Thus, an increase 
in the magnitude of stress fluctuations makes this thread concentration effect more 
pronounced. 
The other parameter important to TT interactions is the interaction radius r, which 
is the average maximum distance that two threads can be apart and still exert an 
attractive force on each other that is strong enough to pull them together to form a 
junction or annihilate. We define r such that when two mobile threads are within r of 
each other, their attraction will be strong enough to overcome the channeling stress 
and any applied stress. The radius r depends on the local stress on the slip system τ 
and will vary as ( )chr ττ −∝ 1 , owing to the singular nature of the elastic field caused 
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by a dislocation. Consider two threads moving on intersecting slip planes. If the 
applied film stress is large, the threads will have to be very close for their attractive 
force to overcome the force on them due to the applied stress. As the applied stress is 
reduced, their attractive force will overcome the force from the applied stress at larger 
distances. Thus, when the mean film stress exceeds the channeling stress, the 
interaction radius will be larger in low stress regions, further biasing TT interactions to 
occur in these regions.  
 
3.4.1.3. Multiple relaxation steps and strain hardening 
 
In our simulations, we have used the dislocation structures and stresses in the 
relaxed states following a series of discrete jumps in the applied strain. It is important 
to consider how closely these results describe what would happen in a continuously 
loaded film. To test this, we examined the effect of strain increment size on our 
simulation results by starting with the equilibrium dislocation structure at 1.3εch and 
evaluating the evolution of the dislocation structure and stress distribution as the 
applied strain was increased to 1.8εch in strain increments of 0.25, 0.125, and 
0.0625εch. We observed that the final stress level reached and the types of interactions 
that occurred at 1.8εch did not substantially deviate from those obtained with the initial 
step size of 0.5εc. Therefore, we conclude that our results are not strongly influenced 
by step size. 
Since continuous loading can be thought of as a series of strain increments and 
subsequent relaxation steps, where the step size and the relaxation time both go to 
zero, we expect that the most important conclusions of our stepwise simulations will 
still hold for continuous loading, provided that the dislocation response is quasi-static. 
The distance that a thread will travel before stopping will still be well described by the 
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spacing of low-stress regions, and, in the absence of dislocation sources, the number 
of mobile threads available to relax the strain will decrease as threads become 
immobilized in static interactions. Both the increasing stress inhomogeneity with 
increasing strain and the reduction in the mobile thread density will contribute to strain 
hardening. Of course, during continuous loading, the number of mobile threads can 
always be tracked, but the definition of a static thread will depend on the increment in 
stress over which one expects the dislocation to remain static..  
 
3.4.2. Additional consideration of simulation parameters 
 
The highly-resolved simulations reported here were computationally intensive 
(approx. 100,000 hours of CPU time) and lack of computation time prevented us from 
exploring more variables. Nevertheless, the effects due to variations in the initial 
number of threads and the film thickness can be described based on these, and other, 
simulations.  
First, as mentioned above, the number of initial threads will affect the relative 
amounts of the different types of dislocation interactions that occur. For example, if 10 
initial threads were used instead of our 140, we would expect fewer TT interactions. 
Also, since fewer regions of high stress could be relaxed, we would expect the stress 
inhomogeneity to increase and the film to relax less. Consistent with this view, higher 
thread densities have been shown in previous simulations to correspond with greater 
relaxation [26]. Our conclusions regarding the effect of stress inhomogeneity on TT 
and TM interactions do not depend on the initial thread density. Thus, even the 
existence of dislocation sources in a film will not change our basic conclusions about 
how TM and TT interaction strengths and stress inhomogeneities conspire to establish 
the strength and strain hardening in a film. 
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A change in the simulated film thickness will affect the results by changing the 
interaction strengths, modifying the development of the inhomogeneous field, and 
possibly by qualitatively changing the interactions. The interaction strengths have 
been shown to be thickness dependent [25]: TM interactions get weaker with 
increasing film thickness and TT interactions get stronger. Thus, interactions in a 
thicker film will tend to bias the interaction fractions in favor of TT interactions. The 
interaction radius of the thread will be larger because of the reduced channeling stress, 
also facilitating a greater fraction of TT interactions. Stress inhomogeneity will be 
diminished in thicker films because the misfits will be farther apart, so that their 
stresses, which are inversely proportional to the distance from the misfit, will account 
for a smaller percentage of stress in the film.. This will reduce strain hardening in 
thicker films. 
 
3.4.3. Application to real films 
 
We have used our simulation results to motivate a framework for thinking about 
dislocation motion and stress relaxation in thin films. We now extend these ideas to 
real films that contain both grain boundaries and dislocation sources. The application 
to dislocation sources is simple: the presence of sources will reduce strain hardening 
and increase the number of TT interactions through the production of additional 
threads. If the thread density doubles, threads need only to move half as far to relax 
the same amount of strain. This has been shown in previous simulations [26]. The 
additional threads increase the likelihood of TT interactions simply because there are 
more threads with which to interact [36].  
Grain boundaries affect a film mechanically in two ways: they affect the motion of 
dislocations and they can create stress inhomogeneities in the film. Dislocations can be 
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absorbed, reflected, or transmitted at grain boundaries—increasing the stress required 
for dislocation motion [37-39]. Stress inhomogeneities in a film can be created by the 
mismatch in elastic properties that occur at some grain boundaries and have even been 
observed to cause dislocations to move on planes that do not relax applied biaxial 
strains in a film [40]. The presence of such dislocations is sure to increase the intrinsic 
stress required to drive a dislocation into the film but was not studied here .  
Because the grain size is fixed and the mean free path for dislocation motion 
changes with misfit density and mean stress the model proposed in Section 4.1 allows 
us to postulate the existence of a critical film stress, below which TM and TT 
interactions will dominate and above which thread-grain boundary interactions will 
dominate. We predict that a thread will, on average, travel a distance 2
λ . The grain 
boundaries would be expected to dominate the stopping of threads when 2
λ  
approaches the average size of the grain. We have shown that an increase in stress 
inhomogeneity increases the strain hardening rate. If 2
λ  is greater than the grain size, 
we expect an additional strain hardening mechanism to be present. Thus, because an 
additional mechanism is present to stop dislocations, we expect a polycrystalline film 
to have a higher strain hardening rate than its single crystal counterpart. This is 
consistent with the results we observed in Fig. 3.4, which was from the (001) grains of 
a polycrystalline film: the strain hardening rate in the polycrystalline film is greater 
than that of the simulated film. 
 
3.5. Conclusions 
 
We studied stress levels and strain hardening in a passivated single-crystal thin 
film on a hard substrate using three-dimensional dislocation dynamics simulations, 
approximating continuous loading as a series of discrete load steps followed by stress 
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relaxations. Our results revealed several critical features of dislocation behavior and 
motivate a new picture of dislocation-based relaxation of thin films. 
Deformation in films can be viewed as arising from the motion of threading 
dislocations (threads) that leave misfit dislocations (misfits) behind at interfaces. Thus, 
strength and strain hardening can be understood in terms of what stops threads at 
different stress and strain levels. We found that the misfit structure that arises in the 
film during deformation gives rise to local stress fluctuations, the magnitude of which 
increase with increasing misfit density. As a result of this spatially-inhomogeneous 
stress field, both thread-thread and thread-misfit interactions play a important roles in 
stopping threads, and thus in determining film strength and strain hardening, at all 
stress levels. 
Threads stop via interactions with other dislocations in local regions of low stress. 
Because low-stress regions exist even at high average stress levels, thread-misfit 
interactions, which are relatively weak compared with typical film strengths, play a 
significant role in stopping threads, even when the average stress in the film is high. 
Thread-thread interactions, which have strengths that can be much higher than typical 
film strengths are also facilitated by stress inhomogeneities because (1) they are 
concentrated in areas of low stress by velocity fluctuations, and (2) the area of a thread 
capture cross-section is largest in regions of low stress. 
Thread-thread interactions also play an important role in strain hardening since 
they typically render threads immobile up to very high applied strain levels. Thus 
threads tend to accumulate in these interactions, and the density of threads available to 
relax stresses declines as plastic strain increases. In comparison, thread-misfit 
interactions typically break following much more modest increases in film stress, 
allowing the involved thread to participate in strain relaxation at higher film stresses. 
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We have identified the average distance that a thread travels before stopping in a 
thread-misfit interaction as a key measure of the film’s ability to relax stress and thus 
the stress and strain hardening rate for a given dislocation structure. This mean free 
path for dislocation motion is governed by the distance between regions of stress 
lower than the strength of a thread-misfit interaction. The average distance that a 
thread travels before stopping in a thread-thread interaction also plays a role and is 
governed by thread density and capture cross-section, both of which are implicitly 
dependent on average film stress and the magnitude of the stress fluctuations. 
Based on these observations, an analytical formulation for the dislocation mean 
free path was generated based on attributes of the stress state. The mean free path and 
the unique functions of TT and TM interactions provide a clear link between 
individual dislocation behavior, dislocation structure, and strength and strain 
hardening in thin films. 
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CHAPTER 4 
CAPTURE CROSS-SECTION OF THREADING DISLOCATIONS 
IN THIN FILMS 
 
Ray S. Fertig and Shefford P. Baker 
Department of Materials Science and Engineering, Cornell University, Ithaca, NY  14853 
 
ABSTRACT – In this paper the annihilation of two threads with opposite Burgers 
vectors moving on orthogonal slip planes in a thin film is examined. Film thicknesses 
and applied loads are systematically varied and the initial configurations of threads 
that lead to annihilation are mapped out for each film thickness and applied stress. The 
area of the region of initial configurations that lead to annihilation is the capture cross-
section of the thread. The size of the capture cross-section is shown to be highly 
sensitive to the applied stress relative to the constraint on dislocation motion imposed 
by film thickness. 
 
4.1 Introduction 
 
Thin films are used in a wide variety of applications ranging from microelectronics 
to biomedical devices to solar cells. In many applications films support stresses in 
excess of the ultimate stresses of their bulk counterparts by an order of magnitude [1]. 
The reasons for this are not fully understood. These high stresses contribute to failure 
mechanisms such as fracture, delamination, and stress voiding. Thus, understanding 
the mechanical behavior of thin films is crucial to improving thin film performance 
and reliability. 
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High stresses are only possible when dislocation motion is difficult. In thin films, 
threading dislocations (threads), which run through the thickness of the film, move 
through the film to relax the film stress by depositing misfit dislocations (misfits) at 
film interfaces or creating steps at the film surfaces. Thus, to understand high film 
stresses we must know what stops threads. One impediment to thread motion is a 
dimensional constraint—the so-called channeling stress [2, 3]. The channeling stress is 
simply the minimum stress required to move a dislocation in a film. It arises from 
balancing the energy increase due to adding a misfit dislocation with the strain energy 
decrease from the stress relaxed by the dislocation. Above the channeling stress, in 
single-crystal films, threads are stopped by interacting with other dislocations, both 
threads and misfits. Using discrete dislocation dynamics simulations [4], we have 
shown that interactions between two threads stop a large fraction of the mobile threads 
in a film. Because many thread-thread interactions are very strong, they often 
permanently immobilize threads, which leads to a reduction in the number of threads 
available to relax the film stress and, consequently, to strain hardening. 
The frequency of interaction between threads is controlled by three factors: thread 
mobility, the density of the threads, and the capture cross-section of the thread. The 
capture cross-section represents the locus of points around a thread such that another 
thread inside this region will form a junction or annihilate with the first thread. The 
size of this capture cross-section has been studied previously, but only as it relates to 
cross-slip, climb, or layer growth [5-13]. Our simulations showed that threading 
dislocation interactions are more likely between threads on intersecting slip planes 
depositing orthogonal (in the case of (001) films) misfits than for any other possible 
threading dislocation combinations [14]. 
The goal of the work reported here is to determine size and shape of the capture 
cross-section for a thread annihilating with another thread on an intersecting slip plane 
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moving in an orthogonal direction. In contrast to previous investigations [12, 15] that 
have considered cross-slip/climb as the mechanism for annihilation with the limiting 
stress being the Peierls stress, we focus on dislocation glide in response to an applied 
stress as the mechanism for annihilation with the limiting stress being the channeling 
stress [2, 3]. We seek to determine whether there are particular stress regimes where 
the capture cross-section is either very large or very small. 
 
4.2 Model 
 
In a real film, threads are curved, of mixed character, and are confined to their glide 
planes [3]. To treat this problem in an efficient and tractable way, we model this 
situation using straight screw segments that are confined to their slip planes. While 
possibly different in detail or magnitude, we expect this model to be qualitatively 
correct.  
We consider threads A and B having pure screw character moving on intersecting 
 slip planes in a cubic (001) film, as shown in Figure 4.1. The stress field of 
these dislocations was approximated as the stress field of two infinite screw 
dislocations with sense vectors ξ
{100}
A = ξB =[ ]100 . The Burgers vectors for the 
dislocations were bA =  and b[ b00 ] B = -bA, such that they would annihilate if they 
formed a junction. These assumptions allowed the stress field of each dislocation to be 
written as 
⎥⎥
⎥
⎦
⎤
⎢⎢
⎢
⎣
⎡
−
−=
0
00
00
2 2
xy
x
y
R
b
dis π
µσ ,      (4.1) 
where x and y are coordinates in the 100[ ] and 010[ ] directions in the film plane, 
22 yxR += , µ is the shear modulus, and the origin is at the point of intersection of 
the two glide planes. Uniform shear stresses, τxz = τyz = τ, were applied to the film, 
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Figure 4.1. Schematic of the model setup. The goal of the model is to determine the 
capture cross-section of dislocation B as determined by its interaction with A. 
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resulting in an equal applied force on both dislocations. The total stress felt by either 
dislocation due to the applied stress and the stress field of the other dislocation was 
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BA .    (4.2) 
The force per unit length on the dislocation was then calculated from the Peach-
Koehler formula [16], 
lkljijki bF σξε−= ,       (4.3) 
where εijk is the permutation tensor. The force on each dislocation was calculated by 
substituting Eq. (4.2) into Eq. (4.3). The glide force on each dislocation was found by 
taking the dot product of these forces with the slip directions [ ]010  and [ , for 
dislocations A and B, respectively, using 
]001
b
R
byF glideA τπ
µ −−= 2, 2  (4.4a)   and bR
bxF glideB τπ
µ −−= 2, 2 .  (4.4b) 
That is, dislocation A was confined to move in the y direction (force due to applied 
stress acts down in Fig 4.1) and dislocation B was confined to move in the x direction 
(force due to applied stress acts to left in Fig. 4.1). The interaction stress is, of course, 
always attractive. 
A glide force on a dislocation will not necessarily cause the dislocation to move. In 
bulk materials the glide force must exceed the force required to overcome the Peierls 
barrier. In thin films, which are the subject of this study, the glide force must exceed a 
thickness dependent critical force τcb, which is dependent on the channeling stress τc 
[3]. The magnitude of the difference between the glide force and the critical force is 
termed the excess glide force Fge, following [17]. In this model, Fge and the dislocation 
velocity v were related by a mobility M using a mobility law geMFv = . In the case 
where the magnitude of the glide force is less than the magnitude of the critical force, 
the dislocation remains stationary. Given this mobility law and that vA and vB represent 
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dy/dt and dx/dt, respectively, the system of equations describing the motion of the 
dislocations is given by 
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where t is time and µMtt
ttyxR
b
yy
b
xx 1~ˆˆˆˆˆ 0
0
22 ==+===  
Equations (4.5) were solved using a Runge-Kutta technique following [18]. The 
time step h in this solution was adaptive such that the time step decreased as the rate of 
approach of the dislocations increased and increased with increasing distance between 
dislocations. This approach reduced computation time when the dislocations were 
initially far from each other and prevented spurious results from occurring when the 
dislocations were close with high velocities. In the implementation of this solution, h 
was initially set to h = 0.01 and thereafter was prescribed to be 
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nn
nn
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tt
Rh α ,      (4.6) 
where t is time, n corresponds to the time step number, and α = 0.005 for the solutions 
reported here. The value of α was converged such that lower values (smaller time 
steps) did not yield different cross-sectional areas. 
The focus of this work was to determine the capture cross-section of a thread such 
that it would interact with another thread within this area; in this case the interaction 
leads to annihilation of both threads. Thus, the initial conditions that lead to an 
interaction are of interest. The distance from the thread to the boundary of its capture 
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cross-section was calculated at four degree increments around the thread. This allowed 
the shape of the capture cross-section to be determined. The accuracy of the distance 
along any given trajectory was ± 5%. The threads were allowed to move until either 
the distance between the dislocations was less than one Burgers vector or the 
dislocation velocities began to increase in a direction away from interaction, i.e. 
d2R/dt2 > 0. Once the boundary of the cross-section was determined, the cross-
sectional area A was calculated as 
 ∑=
=
90
1
2
90 i i
rA π .        (4.7) 
 
4.3 Results 
 
The features of the capture cross-section boundary can be divided into two regimes 
with fundamentally different behaviors: (1) applied stress less than the channeling 
stress and (2) applied stress greater than the channeling stress. These are illustrated in 
Figure 4.2, which shows the capture cross-section, with dislocation B at the origin, for 
applied film stresses ranging from 0.0001µ to 0.011µ for a thread in a film with 
channeling stress τch = 0.01µ. Figure 4.2b is an enlargement of the region around the 
origin in Fig. 4.2a so that the cross-sections at very low stress can be seen.  
With no applied stress, the threads will come together to form a junction only if 
the stress exerted by one thread on the other exceeds the channeling stress. Thus, the 
capture cross-section must be symmetric about the x- and y-axes. Any applied stress 
causes asymmetry in the capture cross-section. The asymmetry arises because the 
applied stress drives the two dislocations in fixed directions, while the interaction 
stress drives the dislocations towards each other at all stress levels, hence an increase 
in cross-sectional area in only one quadrant. This asymmetry increases with increasing 
stress, as illustrated in Fig. 4.2b. The solid curve shows the nearly symmetric capture 
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 Figure 4.2. (a) Boundary of the capture cross-section for different applied stresses 
with dislocation B at the origin. The channeling stress is 0.01µ. (b) A zoom of the 
capture cross-section from (a) to better illustrate the capture cross-section at low 
applied stresses. 
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cross-section at a very low stress and the dashed curve shows the cross-section at an 
applied stress of half the channeling stress. The dashed curves in Fig. 4a show the 
capture cross-section at stresses just below the channeling stress. Note that the cross-
sectional area has increased substantially. When the applied stress is below the 
channeling stress, interaction will occur when the other thread is close enough to 
supply the additional stress needed to exceed the channeling stress. Near the 
channeling stress, the additional stress required to move the thread is very low, so the 
dislocations can be far apart and still draw each other together to annihilate. In fact, in 
the limit as the applied stress approaches the channeling stress, the threads can be 
arbitrarily far apart and will still annihilate. Thus, when the applied stress is below the 
channeling stress, increasing the applied stress increases the area of the capture cross-
section. 
When the applied stress exceeds the channeling stress, the threads do not require 
interaction with any other thread to move; they are already moving on the trajectory 
determined by their glide plane. Figure 4.2a shows the shape of the capture cross-
section with increasing applied stress above the channeling stress (solid curves). Of 
course, if the threads start out equidistant from their point of intersection along the 
positive x and y axes, they will interact under any applied biaxial stress thus the 
capture cross section extends to infinity at 135˚. However, for any other initial position 
of threads, the interaction stresses between the threads must at some point become 
more important than the applied stress in order for the threads to interact. As the 
applied stress increases, the region in which this can occur becomes smaller. Thus, the 
capture cross-section appears as a band at 135° that narrows with increasing applied 
stress.  
Perhaps the most dramatic illustration of these results is shown in Fig. 4.3. The 
area of the capture cross-section scaled by the channeling stress squared is plotted as a 
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Figure 4.3. Cross-sectional area variation with applied stress. The area of the capture 
cross- section increases to infinity as the applied stress increases from very low 
loading to the channeling stress. 
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function of stress normalized by the channeling stress. All of the applied stresses and 
channeling stresses (corresponding to different film thicknesses) values fall on the 
same curve if plotted in this manner. The curve fit plotted is given by 
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where χ1 and χ2 are taken to be 0.02 and 2, respectively, for the curve fit shown in Fig. 
4.3. The striking result here is that the area of the capture cross-section increases by 
nearly five orders of magnitude as the applied stress approaches the channeling stress. 
 
4.4 Discussion 
 
The results show that the capture cross section depends strongly on the applied 
stress. The dramatic increase in the area of the capture cross-section as the stress in the 
film approaches the channeling stress has several important implications for film 
strength. First, because the capture cross-section of a thread is very large near the 
channeling stress, we expect threads to interact most frequently when film stresses are 
near the channeling stress—in fact, interactions between threads may be the most 
dominant in this stress regime. Although the Burgers vectors of the dislocations in this 
model could only cause annihilation, the observed trend should hold for junction 
formation between threads as well. This result is consistent with results from three-
dimensional DDD simulations that showed that thread-thread interactions were the 
most frequent when local stresses were near the channeling stress [4]. Second, the size 
of the capture cross-section is proportional to the inverse of the square of the 
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channeling stress, or roughly with the square of the film thickness. Thus, for films 
with equal numbers of threads, our model predicts that the fraction of threads stopped 
by thread-thread interactions should decrease as film thickness decreases. This means 
that fewer annihilations will occur and more threads will remain in the film to relax 
stresses as applied strain is increased. However, the decrease in the number of thread-
thread interactions with decreasing film thickness cannot be easily linked to strain 
hardening because the misfits play an increasing role in stopping threads as film 
thickness decreases [19]. 
While this model is expected to give qualitatively correct results for the 
dependence of the capture cross section as a function of applied stress, it cannot fully 
describe film behavior because it does not consider interaction with misfit dislocations 
in the path of the threads. Of course, if one thread stops in an interaction with a misfit 
before it reaches the other thread, then the two threads will never interact. Fluctuations 
in the stress field may also change the apparent capture cross-section observed in 
simulations or real films. If a thread passes through a region of stress lower than the 
channeling stress, the thread will stop even if the average film stress is above the 
channeling stress. Thus, the capture cross-sections calculated here do not necessarily 
correspond to the exact in situ capture-cross section of threads in all films. 
Nevertheless, the calculations provided here provide a framework for determining the 
relative likelihood of interactions between threads based on film thickness and applied 
stress. 
 
4.5 Conclusions 
 
We have presented an analytical model to calculate the capture-cross section of a 
thread gliding in response to an applied stress, such that another thread with opposite 
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Burgers vector on an intersecting path will annihilate with the thread when it is inside 
this capture cross-section. This model is expected to accurately represent the 
qualitative behavior of real threading dislocations in thin films. For applied stresses 
below the channeling stress, the size of the capture cross-section increases with the 
applied stress. For applied stresses above the channeling stress, the size of the capture 
cross section decreases with the inverse of the square of the applied stress. When the 
applied stress is equal to the channeling stress, the size of the capture cross-section 
diverges. This behavior of the capture cross-section of a thread in response to applied 
film stresses is a critical element in understanding the link between local dislocation 
behavior and macroscopic film relaxation. 
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CHAPTER 5 
THREADING DISLOCATION INTERACTIONS IN AN 
INHOMOGENEOUS STRESS FIELD: A STATISTICAL MODEL  
 
Ray S. Fertig and Shefford P. Baker 
Department of Materials Science and Engineering, Cornell University, Ithaca, NY  14853 
 
ABSTRACT - A statistical model is presented to characterize the influence of stress 
field inhomogeneity on the probability of interactions between threading dislocations 
in thin films. Any degree of stress field inhomogeneity is shown to increase the 
likelihood of interactions between threading dislocations. However, below a critical 
level, the effect of stress inhomogeneity is negligible while above this level a dramatic 
effect is observed. The approach taken is applicable to any system of interacting 
particles with spatially dependent velocities. 
 
 
5.1 Introduction 
 
The behavior of dislocations in thin films has been a subject of study for several 
decades [1-4]. One area of focus has been the role of dislocation-dislocation 
interactions on mechanical behavior, specifically their role in strain hardening [5, 6]. 
The most stable dislocation-dislocation interactions at high stress have been shown to 
be interactions between two threading dislocations (threads) [7, 8], which extend 
through the thickness of a film. Computational [9-11] and experimental [12-14] results 
have shown that these interactions occur frequently, even though interactions between 
threads seem intuitively unlikely [15, 16] from a simple consideration of thread 
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density. Recent dislocation dynamics simulations results have suggested that the 
primary reason for the unexpectedly high rate of occurrence of thread-thread 
interactions is the presence of inhomogeneous stresses in the film [17]. 
Inhomogeneous stresses have been postulated theoretically [18] and observed 
experimentally [19, 20] in films, but their effect on thread-thread interactions has not 
been studied. In this study, we propose an analytical model to examine the effect of 
spatial inhomogeneities in the stress field of a thin film on the likelihood of thread-
thread interactions, in order to obtain a more rigorous understanding of thin film 
mechanical behavior. The results are shown to be consistent with simulation results 
and a general trend is established: inhomogeneities in the stress field in a thin film 
always increase the likelihood of a thread-thread interaction. The model presented 
here is general to any system with interacting particles with velocities that have a fixed 
spatial dependence. 
 
5.2 Statistical Model 
 
In the model presented here, we assume that M threads move through a film 
divided up into N bins of equal size (Fig. 5.1), with a discrete stress associated with 
each bin. For simplicity, the inclination of a thread on its slip plane is ignored so that 
each thread can be represented by a single point in the x-y plane, as shown in Fig. 5.1. 
Because dislocations in thin films are constrained by the thickness of the film, there 
exists a critical resolved shear stress τc, below which a thread will not move [3, 21]. If 
the resolved shear stress τ on the thread exceeds τc, we assume that the thread moves 
with a velocity that is related to the excess stress cexc τττ −=  [4]. We assign a 
normalized excess stress 
c
iexc
is τ
τ ,=  to each bin i such that , where ( )dsssQNsN
i
i∑ ∫==
∞
∞−1
 152 
    
 
 
Figure 5.1.  Plan view schematic of film divided into equally sized bins. Each bin 
has a particular shear stress associated with it. Threading dislocations, indicated by 
filled circles, are distributed throughout the film in a way that depends on the stress 
distribution. 
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Q(s) is some probability density function that describes the distribution of film 
stresses. We assume that any thread in bin i moves with velocity [4], where β 
is the thread mobility and n is the stress exponent. 
n
ii sv β=
As threads move through the film, they spend time ( ) nii srt −= β/  in each bin, 
where r is the width of a bin. The probability pi that a single dislocation will be in a 
particular bin i at a given time is then just the fraction of time spent in bin i relative to 
the time required to move through all the bins, 
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where the notation ns−  indicates the average value of . Because  diverges as 
s approaches zero we introduce a cutoff parameter, c, such that  in every bin. 
Physically, c sets a lower limit on thread velocity. The average value in Eq. (5.1) can 
be easily obtained from the probability density function Q(s), 
ns− 1−s
cs ≥
( )∫= ∞ −−
c
nn dsssQs .       (5.2)   
Eq. (5.1) describes a Bernoulli distribution for each bin, thus the probability 
Pk,i that k out of M threads are in bin i is written as 
( ) ( ) kMikiik ppkMk
MP −−−= 1!!
!
, .     (5.3) 
Because the focus of this study is the effect of stress inhomogeneity on the likelihood 
of a thread-thread interaction, we require the width r of each bin to be equal to an 
interaction radius, such that any two threads in the same bin will interact. The 
probability of a thread-thread interaction occurring in any bin i is then 
∑
=
=
M
k
iki PP
2
,int, .        (5.4) 
Significant simplifications can be made to Eqs. (5.3) and (5.4) by considering 
only the case where , such that the likelihood of two threads being in a single 
bin is low and the likelihood of three or more threads can be neglected. This requires 
1<<ip
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that the number of threads relative to the number of bins be small, . Since 1/ <<NM
AMTD /=ρ  and NAr = , where ρTD is the thread density and A is the film area, we 
have  
2/ rNM TDρ= .       (5.5) 
Thus, an equivalent requirement is . Recent analytic results have shown 
that [22], so 
12 <<rTDρ
br 100~ 1/ <<NM  is satisfied for all . For higher 
dislocation densities, the occurrence of more than two threads in the same bin cannot 
be neglected. However, even at higher thread densities, the qualitative conclusions 
presented here will be unaffected, since the factors that facilitate interactions between 
two threads will also facilitate interactions between multiple threads.  
2410 −−<< bTDρ
Substituting Eq. (5.3) into Eq. (5.4) and neglecting occurrences of more than 
two dislocations per bin, yields  ( ) ( ) 22,2int, 12
1 −−−=≈ Miiii ppMMPP  .    (5.6) 
For the case , the exponential term in Eq. (5.6) can be replaced with the first 
term of a Taylor series 
1<<ip
( ) ( )( iii pMpMMP 212
1 2
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1
.     (5.7) 
Substituting Eq. (5.1) into Eq. (5.7) and assuming that >>M , gives 
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The number of interactions φ is then determined by taking the average of Pint,i over i 
bins and multiplying by N, 
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Multiplying φ by two threads per interaction and dividing by M gives the fraction of 
threads f involved in a thread-thread interaction, which can be written, using Eq. (5.5), 
as 
⎟⎟
⎟
⎠
⎞
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⎜
⎝
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−=
−
−
−
−
3
3
2
2
2
2
n
n
TD
n
n
TD
s
s
r
s
s
rf ρρ .    (5.10) 
The fraction of interacting threads in a homogeneous field fh, where 
22 nn ss −− = , 
is then given by ( )22 1 rrf TDTDh ρρ −= .      
 In order to examine the effect of stress inhomogeneity on f in Eq. (5.10), a 
distribution Q(s) must be constructed. It has been shown via discrete dislocation 
dynamics simulations [17] that the resolved shear stresses in a film are well 
characterized by a normal distribution. Thus, the stresses used in this study are 
assumed to be normally distributed following 
( ) ⎟⎟⎠
⎞
⎜⎜⎝
⎛ ⎟⎠
⎞⎜⎝
⎛ −−=
2
2
1exp
2
1
σ
µ
πσ
ssF ,     (5.11) 
where µ and σ are the mean value and standard deviation of s, respectively. Because 
only the values of s between the cutoff stress c and infinity are allowed, the 
distribution in Eq. (5.11) is truncated below c and normalized such that the integral 
over the new probability density function Q(s) is unity,  
( ) ( ) ( )
⎪⎩
⎪⎨
⎧
<
≥⎥⎦
⎤⎢⎣
⎡ ∫=
−∞
cs
cssFdssFsQ c
,0
,
1
.     (5.12) 
 
5.3 Results and discussion 
 
After constructing this probability density function, f is determined from Eq. (5.10), 
using Q(s) as in Eq. (5.2) to solve for the necessary averages. We examined the 
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Figure 5.2.  Normalized probability of interactions between threading dislocations 
versus the coefficient of variation (standard deviation/mean) of the stress distribution. 
For all 25.0≥µσ , 1>hff , which indicates any inhomogeneity increases the 
likelihood of thread-thread interactions 
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effect of varying σ, µ, n, and c on the fraction of interacting threads f normalized by fh. 
Fig. 5.2 shows the effect of varying µ and σ on f/fh, where c and n are held constant at 
0.03 and 1, respectively. The data are plotted as a function of the coefficient of 
variation, σ/µ, which represents the degree of inhomogeneity in the stress field. A 
general observation is that f/fh is greater than unity for all values of σ and µ, which 
indicates that stress inhomogeneity always increases the likelihood of thread-thread 
interactions from that of a homogeneous stress field. Furthermore, any increase in 
inhomogeneity continues to increase the likelihood of interaction. The curves can be 
divided up into three regions relatively independent of µ.  The first is from σ/µ = 0 to 
σ/µ ≈ 0.25, where increases in σ/µ increase the likelihood of interaction only slightly. 
The second region is from σ/µ ≈ 0.25 to σ/µ ≈ 0.5, where a rapid increase in 
interaction likelihood is observed for a relatively small increase in σ/µ. The threshold 
value of σ/µ ≈ 0.25 is unexpected and represents a remarkable change in the influence 
of stress inhomogeneity. In the third region, σ/µ > 0.5, the interaction likelihood 
continues to increase, but at a decreasing rate. This is expected since f/fh is bounded by 
1/fh.  The values of ρTDr2 were also varied (not shown) and it was observed that the 
curves displayed in Fig. 2 were essentially unchanged for different values of 
. 12 <<rTDρ
The effect of the stress exponent n is illustrated in Fig. 5.3a, where µ and c are 
held constant at 1.0 and 0.03, respectively. Here n is shown to scale the effect of stress 
inhomogeneity, which increases with increasing n. The qualitative trends for n = 1/2 
and 3/2, however, are the same as for n = 1: inhomogeneous stress facilitates thread-
thread interactions, especially for σ/µ > 0.25. The primary effect of changing n is a 
drastic change in the effect of inhomogeneous stresses for 25.0/ >µσ , where an 
increase in n results in a substantial increase in interaction likelihood. Below this 
threshold value, the effect of changing n is much less pronounced. These results 
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Figure 5.3.  Normalized probability of interactions between threading dislocations 
versus the coefficient of variation (standard deviation/mean) of the stress distribution 
for different (a) stress exponents n and (b) cutoff parameters c. Note that neither n nor 
c qualitatively affects the results. 
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indicate that precise understanding of the relationship between the force on a thread 
and thread velocity is critical for determining the frequency with which thread-thread 
interactions occur and, consequently, for developing accurate strain hardening models. 
Fig. 5.3b shows the effect of changing the cutoff parameter c, for µ = 1 and n = 1. As 
was observed when n was varied, the variation of c does not change the qualitative 
results observed in Fig. 5.2. Decreasing c has the effect of increasing the likelihood of 
interaction due to the fact that lower dislocation velocities are allowed with lower 
values of c. Again, the effects of changing c are confined predominantly to the region 
25.0/ >µσ . 
Several comments regarding the applicability of this model to real films are 
warranted. In order for Eq. (5.1) to precisely describe the probability of a thread being 
in bin i, the thread must sample every bin. If a film with some inhomogeneous stress 
field is initially seeded randomly with threads, the thread locations would be 
uncorrelated to the stresses and the corresponding fraction of threads that would 
interact would be characterized by fh. In this case, Eq. (5.1) becomes more precise as 
the threads move through an increasing number of bins, spending more time in low 
stress bins and less time in high stress bins. Thus, for a particular instant in time, the 
likelihood of interactions in a real film will have lower and upper bounds fh and f, 
respectively. A second difference is that in this model, threads are assumed to be able 
to move into any bin, but in real films threads are confined to move on their slip 
planes. This difference does not invalidate the qualitative results provided that stresses 
in the real film do not vary systematically in space, e.g. one edge of the film is at high 
stress and another edge is at low stress. If the film stresses in a real film are such that a 
thread moving along a slip plane samples stresses that satisfy a probability density 
function Q(s), the probability in Eq. (5.1) will still be valid. Therefore the probability 
of interaction, as calculated from Eq. (5.8), is valid in a real film if a sufficient number 
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of threads are traveling on intersecting paths. Finally, the stresses are continuous and 
correlated in real films, but in the model proposed here they are discrete and random. 
Because the stresses in the model were only used to get a distribution of velocities, we 
do not believe this assumption introduces significant qualitative differences between 
real films and model films. 
Regardless of the precise description of the stress field, two features of Eq. 
(5.10) are notable. First, the fraction of threads that interact is expected to vary linearly 
with the thread density. Second, a parabolic dependence of thread-thread interactions 
on interaction radius is expected. The interaction radius has been shown to be 
inversely proportional to the stress [22] for positive excess stress, so higher µ would 
decrease r and result in a lower f. However, as long as , changes in r have 
only a negligible effects on the normalized f/f
12 <<rTDρ
h shown in Fig. 5.2. 
The prediction that inhomogeneous stresses increase the likelihood of thread-
thread interactions is consistent with recent dislocation dynamics simulations of 
passivated single crystal thin films [17]. In these simulations, the stress field was such 
that σ/µ was always greater than the threshold value of σ/µ ≈ 0.25 during relaxation. 
Thus the proposed model would predict a much higher number of thread-thread 
interactions than expected from a basic thread density calculation. In the simulations, 
the majority of threads were immobilized by thread-thread interactions rather than by 
interactions with misfit dislocations at the interface, which is surprising given the high 
density of misfit dislocations relative to threads. However, consistent with the 
analytical model developed here, the thread-thread interactions were also observed to 
occur nearly exclusively in regions of low film stress. 
In summary, the model presented here can be used to examine the effect of 
stress inhomogeneity on the likelihood of thread-thread interactions in a thin film. The 
primary result is that the probability of thread-thread interactions is always greater in 
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an inhomogeneous field than in a homogeneous field. It was shown that the fraction of 
interacting threads should be proportional to the thread density and to the square of the 
interaction radius, which has been related elsewhere [22] to the mean stress. A 
threshold value of the coefficient of variation of the shear stress σ/µ ≈ 0.25 was found 
such that, below this value, the influence of the stress inhomogeneity and stress 
exponent on the fraction of interacting threads is low. Above this critical value, the 
effects of the stress inhomogeneity are striking, with the probability of thread-thread 
interactions becoming significantly greater than in a homogeneous field. Finally, a 
strong sensitivity to the stress exponent was shown, which demonstrates the need for 
precise understanding of stress-velocity relationship in films. We would like to point 
out that the approach presented here is not limited to dislocations in films. Rather, it is 
applicable to any system with interacting objects that move with a velocity related by 
a power law to a spatially inhomogeneous field. 
This work was funded by the National Science Foundation Contract No. DMR-
0311848. R. F. thanks S. Hicks for his useful discussion on the statistical aspects of 
this problem. 
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ABSTRACT - The difficulty in linking macroscopic mechanical behavior of thin 
films with dislocation-level behavior has hampered multiscale modeling efforts in 
thin films for many years. Previous research has suggested that knowledge of 
particular dislocation interactions cannot be readily translated into knowledge of 
film strength. But in this work, we present a method to unite dislocation 
dynamics with macroscopic mechanical behavior of thin films. We use dislocation 
dynamics simulations to statistically characterize the relationship between stress 
evolution and the behavior of dislocations in films, including specific interactions 
and interaction strengths. Our novel method applies the knowledge obtained 
from the simulations to predict not only macroscopic mechanical behavior, but 
also the types of dislocation interactions that occur, as 
well as the distribution of stresses. 
 
6.1 Introduction 
 
The behavior of dislocations in films has been a topic of experimental and 
analytical study for more than half a century [1-4], with extensive computational study 
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for the past fifteen years [5-10]. But despite these efforts, the link between, say, the 
strength of a particular type of dislocation interaction and the global mechanical 
behavior of a film has not been uncovered. This inability to link behavior of individual 
dislocations with macroscopic film behavior stems from several difficulties: (1) the 
multitude of types of dislocation interactions and their varied strengths, (2) the 
difficulty comparing experimental observations obtained by electron microscopy with 
macroscopic stress-strain behavior of the same film, (3) the immense computational 
resources required to perform detailed three-dimensional simulations of many 
interacting dislocations, and (4) the uncertainty of the effect of grain boundaries and 
interfaces on dislocation mobility, nucleation, and annihilation. Recently, however, we 
have developed a methodology to overcome some of these challenges in the case of 
passivated films on rigid substrates. 
The methodology that we present here is the result of much study of dislocations 
in thin films via large-scale three-dimensional dislocation dynamics simulations [11, 
12]. A review of these results and their relationship to other work in the field is 
published elsewhere [13]. The picture of dislocation behavior that emerges is 
described here as a way of summarizing our previous conclusions and laying the 
foundation for the model developed below. In any film with some supply of threading 
dislocations (threads), the threads will propagate through the film, as shown in Figure 
1, when the applied stress σapp in the film at the location of the thread is greater than a 
thickness-dependent critical stress called the channeling stress σch [14]. As the thread 
moves through the film, it deposits misfit dislocations (misfits) at the film/substrate 
and film/passivation interfaces. These misfits relax the macroscopic strain, but cause a 
local stress fluctuation near the misfit. This means that as the misfit structure develops, 
an inhomogeneous stress field develops with it. The thread stops moving when either 
the local stress on the thread is less than the channeling stress or the thread interacts 
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Figure 6.1.  A schematic of a threading dislocation (thread) gliding through a film 
depositing misfit dislocations at the film/substrate and film/passivation interfaces. 
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with another thread or misfit at a location where the local stress on the interacting 
thread is less than the strength of the dislocation interaction. Our simulations have 
shown that the former is sufficiently rare so that threads can be considered to stop 
simply when they interact with another dislocation and the local stress felt by the 
interacting thread is less than the strength of the interaction. 
We can further distinguish between two fundamentally different modes of thread 
interactions: thread-thread interactions and thread-misfit interactions. Our dislocation 
dynamics simulations showed that thread junctions and thread annihilations were the 
primary thread-thread interactions responsible for stopping threads. The strength of 
these interactions is almost always higher than any stress in the film at any time [8, 
13]. Thus, in our model we assume that any thread-thread interaction will stop the 
involved threads from further propagation through the film, regardless of where they 
occur in the film. (However, these interactions typically do occur in regions of low 
stress, but this is a result of varying thread velocities in the film and increasing size of 
the capture cross-section of the thread, not as a result of the strength of the 
interaction.)  
Interactions between threads and misfits are relatively weak, with strengths only 
between about τTM = 1.0τch to τTM = 1.3τch [8]. Thus, as the film stress increases above 
these values, a local stress level below the average stress is required for the interaction 
to stop the thread. In our model, we assume that a thread-misfit interaction will stop a 
thread when it encounters any local region of stress lower than the interaction strength 
of a thread-misfit interaction. This is reasonable because the regions of low stress tend 
to be heavily populated by misfits. Implicitly, we are assuming that all thread-misfit 
interactions have the same strength. However, as we will show, selecting a single 
nominal value for the thread-misfit strength gives film strengths within ~10% of using 
either the upper or lower bound on thread-misfit interaction strengths. 
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This paper outlines the development of a model for dislocation-mediated film 
relaxation and strength based on fundamental behavior of individual dislocations. We 
have already outlined a simple picture of film relaxation. In the next section we 
develop the equations for the model. This is done by reducing the problem of film 
relaxation to the problem of quantifying the distance a thread travels before stopping 
in a thread-misfit interaction and the distance a thread travels before stopping in a 
thread-thread interaction during some increment of thread motion. Following the 
development of the model, we compare model results with results from dislocation 
dynamics simulations. We also examine the effects of local stress inhomogeneities on 
film stresses, as an example of the utility of the analytical model, and show that stress 
inhomogeneity significantly increases strain hardening of a film. 
 
6.2 Strain hardening model 
 
We begin constructing a strain hardening model in a manner similar to the model 
proposed by Freund [15]. The total strain ε in the film is simply the sum of the applied 
strain εapp and the strain relaxed by the dislocations εP. The strain relaxation rate due 
to the glide of threading dislocations Pε  is given by the simple equation 
bvTP αρε −= ,                (6.1) 
where α is a geometric factor that depends on the slip system of interest, the existence 
of a passivation layer, and the orientation of the film; ρT is the mobile thread density; b 
is the Burgers vector; and v is the average velocity of the mobile threads. For this 
model we assume an average velocity that is proportional to the difference between 
the film stress and the channeling stress, a quantity termed excess stress τx. 
 xMv τ= ,                  (6.2) 
where M is the dislocation mobility. The excess stress can be written as 
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 ( )Pchappx εεεµτ +−= ,              (6.3) 
where εch is the channeling strain. Substituting Equations (6.2) and (6.3) into (6.1) 
yields the governing differential equation for plastic strain relaxation. 
 ( )( )dttbMd PchappTP εεερµαε +−−=           (6.4) 
Equation (6.4) is a simple, general equation that describes macroscopic film relaxation 
by dislocations in all films. All of the microscale behavior is contained in the term for 
mobile thread density. The difficulty in equation (6.4) is determining how the density 
of mobile threads varies in time. Thus, we see that the crucial questions that must be 
answered in order for this model to be useful are: What stops threads? And how far do 
the travel before stopping? 
To answer these questions, we begin by considering the potential contributions to 
the change in mobile threading density. Mobile thread density can increase by 
nucleation of new dislocations dρnuc or by previously stopped threads breaking free 
from an immobilizing interaction dρbrk. The mobile thread density decreases by 
threads stopping in thread-thread interactions dρTT or by threads stopping in thread-
misfit interactions dρTM. Thus, the total change in mobile threads can be written as 
 TMTTbrknucT ddddd ρρρρρ −−+= .           (6.5) 
For the sketch here we will neglect the contribution due to nucleation, as this was 
not simulated in our dislocation dynamics simulations. For the purposes of illustration, 
we model the case of a constant applied strain; thus dρbrk is negligible. We note, 
however, that if a constant strain rate were modeled, dρbrk could play a significant role. 
Thus, Eq. (6.5) is reduced to 
 TMTTT ddd ρρρ −−= .              (6.6) 
The density of mobile threads stopped by thread-thread interactions after moving some 
distance dx is approximately 
 170
 
TT
T
TT
dxCd λ
ρρ 1= ,                (6.7) 
where C1 is a constant of order unity and λTT is the average distance that a thread 
travels before interacting with another thread. Via simple geometric arguments 
 
T
TT r
C
ρλ 2
2= ,                 (6.8) 
where C2 is a constant of order unity and r is the average radius of a capture cross-
section. The capture cross-section around a thread is defined such that any other thread 
inside this cross-section that can interact to form a junction or annihilate with the 
thread will form this interaction. Substituting Eq. (6.8) into (6.7) and using the fact 
that dx = vdt gives the change in thread density due to thread-thread interactions in 
some time dt 
 ,               (6.9) dtrvd TTT
22 ρβρ =
where β is a constant of order unity.  
The rate of TM interactions can be approximated in a manner similar to the thread-
thread interactions, 
 
TM
T
TM
dxd λ
γρρ = ,                (6.10) 
where λTM is the average distance traveled by a thread before stopping in a thread-
misfit interaction. This is just the distance between regions of stress lower than the 
average thread-misfit interaction strength. Unlike the case of thread-thread 
interactions, λTM is not dependent on the thread density. Thus, we can write the change 
in thread density due to blocking by misfits in some time dt as 
 dtvd
TM
T
TM λ
γρρ = ,                (6.11) 
where γ is a constant of order unity. Substituting Eqs. (6.9) and (6.11) into Eq. (6.6) 
yields 
 ⎟⎟⎠
⎞
⎜⎜⎝
⎛ +−= T
TM
T
T rv
dt
d ρλ
γρβρ 22 .            (6.12) 
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Equation (6.12) describes the microscale behavior of the film using fundamental 
quantities about individual dislocation behavior and local film stress. The difficultly in 
solving Eq. (6.12) is that r is dependent on local film stress; and λTM is dependent on 
average film stress, the magnitude of the stress fluctuations, and the strength of a 
thread-misfit interaction. Below, we summarize previous work in which all of these 
quantities were extensively studied using three-dimensional dislocation dynamics 
simulations [12]. 
Using an analytical model, we showed that the relationship of the capture cross-
section A of a thread is related to the excess stress by 
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,           (6.13) 
where χ1 ~ 0.02 and χ2 ~ 2 for the film modeled here. For the purposes of relaxation at 
a constant strain, we assume that the excess stress is always greater than or equal to 
zero. If we assume a circular capture cross-section, the interaction radius is 
 ( )
x
x
br τ
µτ 2= .                 (6.14) 
Using dislocation dynamics simulations we showed that the average distance 
traveled by a thread before interacting with a misfit was simply a function of the 
difference between thread-misfit interaction strength τTM and a measure of the low 
stress regions ( )τττ ˆ−+ chx , 
 
( )
⎥⎥⎦
⎤
⎢⎢⎣
⎡
⎟⎟⎠
⎞
⎜⎜⎝
⎛ −+−−=
ch
chxTM
TM τ
ττττηφλ
ˆ
exp1 ,         (6.15) 
where φ and η are constants, and τˆ  is the standard deviation of the resolved shear 
stress on a slip plane. For the 200 nm film we simulated, 1/φ =  508 nm and η ~ 2.763 
[12]. 
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Having defined the functional forms for λTM and r, we can rewrite Eq. (6.12) using 
Eqs. (6.2), (6.14), and (6.15) to give 
 
( )
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ττττηγφρτ
µβτρ ˆexp22 2 ,   (6.16) 
Simplifying Eq. (6.16) yields 
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T bM
dt
d ρτ
τττηγφτρµβρ 1ˆexp22 2 .    (6.17) 
Equation (6.17) coupled with Eq. (6.4) describes film relaxation using both microscale 
and macroscale quantities. The solution of this system and it’s comparison with 
simulation results is presented in the following section. 
  
6.3 Comparison of the analytical model with dislocation dynamics simulation 
results 
 
We now compare the analytical model developed above with the results from 
dislocation dynamics simulations [11]. To evaluate the analytical model, we use a 
simple forward-integration scheme to solve Eqs. (6.4) and (6.17) simultaneously, 
using Eq. (6.3) to relate the strains to the excess stress. For the purpose of comparison, 
we use same material parameters as the simulation: M = 1 m/MPa-s, µ = 42 GPa, b = 
0.255 nm, and τch = 72.8 MPa. From the simulation results we were able to calculate φ 
= 1/(508 nm) and η = 2.763. The geometric parameter 
6
2=α  was used to model a 
(001) passivated fcc film with threads moving only on slip systems that can relax an 
applied biaxial stress. 
In the dislocation dynamics simulation, loading was performed via five strain 
increments, with dislocations allowed to relax each increment until all dislocations had 
stopped moving. The applied strain in the analytical model was held constant and 
allowed to relax at the same strain intervals as the simulation: 
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µ
τε chapp 3.3and,8.2,3.2,8.1,3.1= . In the simulation, dislocation loops were randomly 
seeded on each of the eight active slip planes that relax a biaxial stress in a (001) film; 
each loop contributed two threads. To account for this initial density in our model, the 
initial thread density for the first strain increment was ρT,0 = 8.75 × 1012 m-2, which 
corresponds to 140 threads in a 16 µm2 film and gives an initial plastic strain of εP0 = -
1.2281 × 10-4. As discussed above, the increment in strain may cause some 
dislocations to break free. We do not currently have a functional form for this, so the 
change in mobile thread density for each jump in strain was assumed to be the same as 
the simulations. Also, to further match the dislocation dynamics simulations, the 
standard deviation of stress τˆ  at the end of each interval of the simulations was 
applied for the entire increment in the model. 
 Given the simplifications and assumptions in analytical model, its agreement with 
the results from the dislocation dynamics simulations is remarkable. These results are 
shown in Figure 6.2. The stresses for the analytical model are presented as equivalent 
biaxial stresses, where the equivalent biaxial stress σbiax is related to the resolved shear 
stress 6RSSbiax τσ =  in the case of an (001) fcc film. The open squares correspond to 
the dislocation dynamics simulation results. The solid curve gives results of the 
analytical model for thread-misfit strength of 1.15τch. The dashed and dotted curves 
show model results for the extreme values of thread-misfit interaction strength of 
1.0τch and 1.3τch, respectively. The solid curve with open circles shows the model 
prediction of the film stress when the stress inhomogeneity is taken to be zero. As was  
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 Figure 6.2.  Comparison between the analytical model presented in Eqs. (6.4) & 
(6.16) with the results of dislocation dynamics simulations (open squares). The 
analytical model results for thread-misfit interaction strength of 1.15τch, 1.3τch and 
1.0τch, are shown by the solid, dotted, and dashed curves, respectively. The solid curve 
with open circles represents the predicted film stress for thread-misfit interaction 
strength of 1.15τch when stress inhomogeneity is set to zero in the model. 
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mentioned above, the film stress difference using either extreme value for the thread-
misfit strength and using the nominal value is less than ~10%, so using a single value 
to characterize thread-misfit strength appears warranted. 
Perhaps the most striking result from studying the analytical model is the 
significance of stress inhomogeneity. We have qualitatively argued that stress 
inhomogeneity plays a large role in film stress, but have been unable to quantify its 
effect prior to developing this model [13]. For a thread-misfit strength of 1.15tch, 
including realistic inhomogeneous stresses shows a strengthening of about 160 MPa. 
But modeling the film as one with only homogeneous stresses shows a strengthening 
of about 100 MPa. Thus, stress inhomogeneity accounts for about 40% of the 
strengthening that was observed in the simulations. 
Although our model is in good agreement with the dislocation dynamics 
simulations, the agreement is not exact. Several features of the dislocation dynamics 
simulations could not be modeled using this model. First, the relationship between 1-D 
relaxation and 3-D relaxation that was used for the model assumed that the 
dislocations were evenly divided among all active slip systems, which was not the 
case in the dislocation dynamics simulations. Second, the stress inhomogeneity in the 
model is taken to be constant throughout each relaxation increment. In the dislocation 
dynamics simulations, this value varied throughout the relaxation. Finally, we 
assumed that threads always stopped when they encountered low stress regions less 
than some chosen interaction strength. It would be possible in the dislocation 
dynamics simulation for there not to be an available misfit to interact with, so that the 
thread could move farther and cause more film relaxation. Despite these shortcomings, 
however, the analytical model captures the major features of dislocation-mediated 
relaxation in a film. 
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The impact of our results cannot be overstated: we have constructed a model for 
film stress based on individual dislocation behavior and pairwise interactions that is in 
remarkable agreement with three-dimensional dislocation dynamics simulations that 
took roughly 100,000,000 times longer to calculate. This is critical, since the 
dislocation dynamic simulations cannot be run to strains much higher than shown here 
without an extreme increase in the already high computational burden due to the 
number of misfit dislocations that exist in the model. The strain hardening rates are 
also in good agreement with the simulation results and the quantitative values of the 
stresses are also close. In addition, the analytical model gives us a way to evaluate the 
contributions of stress inhomogeneity and different types of dislocation interactions to 
the film stress. We also point out that most experimental measurements (e.g. [16, 17]) 
of the stress-strain behavior of single-crystal films show a stress plateau similar to the 
one predicted by the analytical model, most easily seen in the case with homogeneous 
stresses. We expect this to occur in the dislocation dynamics simulations but cannot 
run them to high enough strains.  
The analytical model presented in this paper contains several simplifying 
assumptions that could be enhanced to increase its level of sophistication. First, the 
relationship between the density of misfit dislocations ρTM and the stress 
inhomogeneity τˆ  in the film needs to be determined so that this relationship does not 
have to be extracted from dislocation dynamics simulations. Second, the model could 
be extended to incorporate different amounts of plastic strain from different slip 
systems; this could be accomplished by extending these 1-D equations to a full 3-D 
tensor representation. Third, the velocity of the thread of the thread varies as it moves 
through the film because of stress fluctuations. We have shown that this causes threads 
to concentrate in regions of low stress [13]; this concentration is ignored in the model 
except through arbitrarily increasing β. Finally, in order to extend the model to include 
 177
complex load histories, the functional form for breaking interactions ρbrk(t) to create 
mobile threads needs to be determined. And if nucleation during loading plays a 
significant role in creating mobile threads, the its functional form must also be 
determined ρnuc(t). Despite these additional features for modeling varied loadings, the 
analytical model presented here represents a significant step toward developing a 
model to link the microscopic behavior of dislocations with the macroscopic behavior 
of a film. 
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CHAPTER 7 
SUMMARY AND FUTURE WORK 
 
7.1 Summary 
 
In this thesis, three-dimensional discrete dislocation dynamics simulations were 
used as a tool to train our intuition about dislocation behavior in films. Specifically, 
we discovered that both TT and TM interactions play important roles in film 
relaxation and that they act in a fundamentally different ways. In general, because TT 
interactions are strong, they permanently stop threads, preventing them from relieving 
strain at higher strain levels. On the other hand, because TM interactions are weak the 
threads involved in these interactions can easily break free at higher strain levels to 
relax the applied strain. Stress inhomogeneity plays a crucial role in both of these 
interactions, albeit in different ways. Stress inhomogeneity concentrates threads in 
regions of low stress, making the likelihood of TT interactions greater than would be 
predicted based solely on the thread density alone. In addition, the capture cross-
section of the thread is highest in these low stress regions, which further increases the 
likelihood of a TT interaction. We also observed that TM interactions played a 
significant role in stopping threads even when the average film stress was higher than 
the TM interaction strength. Because the stresses were inhomogeneous, even when the 
average film stresses exceed the TM interaction strength there were still regions in the 
film where the stresses were low enough that a TM interaction could stop the thread. 
In fact, the low stress regions were likely to contain a high density of misfits, so that 
the TM interaction was likely. Our results suggested that a reasonable approximation 
of the distance that a thread traveled before being stopped by a misfit was simply the 
 181 
distance between regions of stress lower than the TM interaction strength. Thus, the 
simulations suggested a link for a more general analytical model. 
The effect of film stresses on the capture cross-section of two threads at different 
film stresses was calculated using an analytical model. This capture cross-section is 
directly related to the likelihood of TT interactions. The results revealed that the area 
of the capture cross-section increases by many orders of magnitude when the film 
stress is near the channeling stress. Our results also allowed us to determine a 
functional form for the area of this cross-section for implementation in an analytical 
strain hardening model. 
The quantitative effect of film stresses on the location of threads in the film was 
examined via a statistical model. We specifically looked at if and how much stress 
inhomogeneity concentrated threads in a film. We discovered that stress 
inhomogeneity could cause threads to concentrate such that the apparent density of 
threads, as seen by other threads, was an order of magnitude greater than the film-
averaged density. 
Finally, we used our results from the DD simulations and the analytical models to 
construct a strain hardening model from fundamental dislocation behavior. This model 
was able to account for varying degrees of TT and TM interactions as well as the 
effects of different thread densities. Ultimately, this model was a proof-of-concept that 
such a model is possible. The additional parameters that are needed to make it 
rigorously applicable to a variety of films were also identified, and are discussed 
below. 
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7.2 Future work 
 
This thesis has demonstrated the feasibility of constructing a model for strain 
hardening in films from well-known dislocation behavior. We developed the model 
specifically for the single-crystal films that were simulated using DDD techniques. 
However, several features of film relaxation need to be quantified to make this model 
more rigorous and robust. These areas are discussed in the first subsection below. The 
extensions of the model that would be required to capture the behavior of 
polycrystalline films are outlined in the second subsection.  
 
7.2.1 Considerations for single-crystal strain-hardening 
 
The analytical model presented in Chapter 6 required three simplifications that 
must be addressed before an analytical model can be developed that completely 
describes single-crystal film deformation based on dislocation behavior: dislocation 
nucleation, breaking of interactions, and evolution of stress inhomogeneity. We 
assumed that dislocations are not nucleated during deformation, in both the 
simulations and the analytical model. However, it is possible that nucleation occurs 
during deformation, at least in some films. We distinguish between nucleation of two 
types: nucleation from the dislocation structure and nucleation from other defects. For 
nucleation from a pre-existing dislocation structure, such as a Frank-Read source or a 
spiral source, three-dimensional dislocation dynamics simulations may well provide 
insight into nucleation behavior. However, for dislocation nucleation facilitated by 
grain boundaries, interfaces, or point defects, atomistic simulations need to be coupled 
with experimental findings in order to understand the critical parameters for 
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nucleation. In-situ transmission electron microscopy studies (e.g. [1, 2]) have began to 
shed some light on this problem, but much work remains. 
In order to compare the analytical strain hardening model with the DDD 
simulations, the number of mobile threads determined by the simulation was used for 
the calculation in the analytical model. This is because the relation between the 
number of threads that break free of their TM interaction and magnitude of the strain 
increment is not known. This relation will obviously be some function of the 
interaction strength, but it is complicated by the fact that threads don’t stop just 
anywhere in the film; they stop in regions of low stress. Consequently, knowledge of 
how fast these regions of low stress approach the strength of a TM interaction is 
critical. In other words, we need to know how stress inhomogeneity evolves. 
In the analytical model presented in Chapter 6, we assumed that the stress 
inhomogeneity, as measured by the standard deviation, was a constant value of 
0.35τch. In reality this value will increase with increasing misfit density. 
Understanding the development of stress inhomogeneity will be a two step process. 
The first step is to relate the distribution of misfit dislocations with stress 
inhomogeneity in the film. The second step is to determine how the misfit spacing 
evolves. For example, regions in the film with low misfit density will, in general, have 
high stresses that will strongly drive threads or nucleate new ones. Thus, regions with 
low misfit density are more likely to have a increase in density during evolution than a 
region with already high density. This will tend to equalize the misfit spacing. But, 
owing to the statistical nature of dislocation motion, the misfit spacing never will be 
equalized. Describing this behavior in a realistic manner will be a challenge apart from 
knowledge of nucleation behavior. 
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7.2.2 Considerations for polycrystalline films 
 
In order to develop a strain hardening model that is general to all films, the effect 
of grain boundaries must be considered. The principles outlined in Chapter 6 and in 
Section 7.2.1 are still valid for polycrystalline films, but they must be augmented for 
grain boundaries. Grain boundaries are known to contribute to stress inhomogeneity 
(e.g. [3, 4]) because elastic property discontinuities are exist because the grains have 
different orientations, which will affect the motion of threads as described above. In 
addition, grain boundaries can block, absorb, transmit, and nucleate dislocations [5, 6]. 
These effects can be best studied experimentally or using atomistic simulations. Using 
these studies, a set of rules for dislocation grain boundary interaction can be developed 
for implementation in a three-dimensional DDD simulation. In order to capture the 
effect of stress inhomogeneity created by the grain boundary, the DDD simulation will 
likely need to be simultaneously coupled with a finite element model to account for 
the stress interactions. Thus, incorporating the effects of grain boundaries into a model 
of strain-hardening constructed from fundamental dislocation behavior is likely the 
most difficult roadblock to overcome on the way to a bottom-up strain hardening 
model. 
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